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Abstract
This thesis covers a wide range of phenomena that are related to the peritectic phase transition
in iron alloys: the primary solidification of the pro-peritectic solid phase, the nucleation of the
peritectic phase at the parent liquid/solid interface and the rate and mechanism of the peritectic
reaction as well as the subsequent peritectic transformation. A holistic approach was followed in
order to not only investigate and characterize these different aspects individually, but rather to
better understand the interconnection between these seemingly diverse phenomena in addition to
gaining a more comprehensive understanding of this industrially important phase transition.
Experimental investigations were conducted utilizing high-temperature laser-scanning confocal
microscopy (HTLSCM) in combination with the ’concentric solidification technique’, which has
been further developed in the course of this study to provide a more accurate description of the
experimental observations. The experiments were divided into two main categories. The first set
of experiments was conducted under conditions close to chemical and thermal equilibrium in order
to study the governing mechanism of the peritectic reaction and peritectic transformation. By fol-
lowing this approach, the very low kinetics of the phase transition allowed conclusions to be drawn
of the influence of interfacial energies as well as the role of diffusion on the progression of both
the peritectic reaction and the peritectic transformation. The second set of experiments was per-
formed under non-equilibrium conditions in order to investigate the characteristics of the peritectic
phase transition under conditions pertaining to the continuous casting of steel. The permanent
demand from industry for increased continuous casting speeds and production rates - in addition
to increasing product quality and process control measures - can best be met by fundamentally
understanding the related solidification processes and the application of this knowledge to practical
operations. Because commercial steels are always multi-component alloys, it is necessary to account
for the influence of alloying elements on the peritectic phase transition. One of the aims of this
study was therefore to develop a methodology to combine HTLSCM with in-situ quantification
of microsegregation during solidification to investigate the effect of segregating alloying elements
on the characteristics and kinetics of the peritectic phase transition. A systematical study of the
influence of cooling rate, carbon concentration, fraction of primary solidified δ-ferrite as well as
the influence of additional alloying elements such as silicon and manganese was conducted and
compared to the findings gained under conditions close to equilibrium. The combination of the
experimental investigations close to equilibrium conditions with the experiments conducted un-
der non-equilibrium then allowed a detailed description of the sequence of events in the course of
the peritectic phase transition, and more importantly, their impact on and interaction with each
other. In all of the experiments conducted (non-equilibrium as well as close to equilibrium condi-
tions), a mechanism controlled by solute diffusion was found for both the peritectic reaction and
the subsequent peritectic transformation. The conclusions drawn from this approach were backed
up by thermodynamic and kinetic investigations, computational modeling as well as benchmarking
against relevant models from the literature.
One of the key questions of this present study was to investigate why hypo-peritectic steel types
are more prone to surface defects during continuous casting than their hyper-peritectic counterparts.
It was found in this study that the higher fraction of primary solidified δ-ferrite in hypo-peritectic
steels lead to the formation of pronounced concentration gradients in the parent phases due to par-
titioning during solidification, and that these concentration gradients are accompanied by strong a
diffusion field of solute across the liquid/δ-ferrite interface (i.e. back-diffusion). When the temper-
ature of the liquid/δ-ferrite interface drops below the equilibrium peritectic temperature, clusters
of γ-austenite form at this interface due to local fluctuations in concentration. However, the pres-
ence of diffusional solute fluxes in the direct vicinity of these clusters lead to an increase in Gibbs
free energy for stable nucleation of γ-austenite, therefore constraining the nucleation of γ-austenite
even below the peritectic temperature. During further cooling, this constrained nucleation re-
sults in a certain undercooling below the equilibrium peritectic temperature, which in turn leads
to increased thermodynamic driving forces for the peritectic transition once nucleation occurred.
When nucleation of the peritectic phase is constrained to a temperature below the corresponding
T0-temperature (allotropic phase boundary), massive transformation of δ-ferrite to γ-austenite can
occur, leading to a volume contraction of the thin solid shell of approximately 6 % within only
a fraction of a second. Conversely, in hyper-peritectic steel grades the lower fraction of primary
solidified δ-ferrite results in weaker diffusion fields of solute across the liquid/δ-ferrite interface,
therefore leading to a much lower nucleation constraint for γ-austenite. The lower resulting nucle-
ation undercooling in these steel types results in a reduced thermodynamic driving force for the
transformation of δ-ferrite to γ-austenite and hence, lower transformation kinetics of the peritectic
phase transition.
Summarizing, the presented thesis provides new insights into the peritectic phase transition in
iron alloys and an extension of the classical nucleation theory is proposed. The findings of this study
are linked to industrially observed phenomena and suggestions for the practical implementation in
continuous casting of steel are presented.
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1 Introduction
The most exciting phrase to hear in science, the one
that heralds the most discoveries, is not ’Eureka!’ (I
found it!) but ’That’s funny...’. a Isaac Asimov
aIsaac Asimov (1920-1992).
The peritectic phase transition is arguably the most interesting topic in the world since it involves
birth, competition and growth of a new intermediate phase between two interacting parent phases
of diverse physical characteristics, ruled by thermodynamic and kinetic laws. It can be regarded
as a true scientific playground and its understanding and utilization is fundamentally important
to technological advances (e.g. continuous casting). Hence it has attracted the interest of many
researchers, technologists and plant-operators.
The main driving force behind this doctoral dissertation arises from industry, which reports severe
difficulties when casting steels that undergo a peritectic phase transition during solidification. The
peritectic phase transition, or more precisely the volume contraction during the peritectic trans-
formation of δ-ferrite to γ-austenite, has therefore been implicated to negatively affect the casting
behavior of steel in the mould, such as strand shell growth, crack formation, heat transfer, temper-
ature fluctuation in the copper plate, mould level fluctuation and oscillation marks formation, and
therefore decreasing the quality of the cast product.
The continuing increasing demand for product quality in addition to the development of new
alloying concepts has generated the necessity to resume fundamental research on technologically
important phenomena such as the peritectic phase transition, which - for a long time - has been
considered as ’well understood’. Even though the rate and mechanism of the peritectic phase
transition in the iron-carbon system as well as in low- to medium alloyed steels have been the subject
of extensive international research for the past four decades, a sound explanation of the observed
phenomena in a continuous casting mould when casting peritectic grade steels is still missing. For
example, problems encountered during casting such as uneven strand shell growth, deep oscillation
mark formation, high mould level fluctuation and crack formation on the strand surface are found
mostly for steels with a carbon equivalent between 0.10-0.13 wt.-%. In contrast peritectic grade
steels with a carbon equivalent above approximately 0.15 wt.-% seem to show normal casting
behavior (see Fig. 1.1). This is generally explained by the two different solidification paths peritectic
grade steels can follow depending on the carbon content. In addition the ability of the remaining
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liquid to compensate for the volume contraction during the solid-phase transformation in steels
with a higher carbon equivalent, plays a pivotal role.
Figure 1.1: Influence of the equivalent carbon content on a) the depth of oscillation marks, b) the mold
level fluctuations, c) the integral heat flux and d) the temperature variation coefficient in a
continuous casting mold [7].
However, a common oversimplification in the past has been the tendency to analyze the observed
phenomena with reference to the carbon equivalent, thereby ’hiding’ the true underlying thermody-
namic and kinetic nature of this important phase transition. In the literature, a variety of different
formulas for the calculation of the carbon equivalent can be found, making it difficult to identify
the particular effect of different alloying elements on this important phase transition.
Even though the driving force for this work originated from industry, the actual funding for this
work was provided by other financial institutions, as gratefully recognized in the Acknowledgements,
allowing me to conduct this research on a very fundamental, academic level. The importance
of this was that I had the scientific freedom to critically assess the existing literature and start
again from the very beginning utilizing the plain iron-carbon system to simplify the analysis of
the underpinning problem. The subsequent investigations using self-designed model alloys then
allowed a systematical analysis by adding further alloying elements to the iron-carbon system and
to investigate the specific influence of the specific alloying elements on the kinetics and mechanism
of the peritectic phase transition.
In the past, the peritectic phase transition was mainly investigated by comparison of experimental
observations to often over-simplified analytical and/or numerical models. The conclusions drawn
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from this approach often led to a variety of proposed mechanisms in the relevant literature and
diverse understandings of the true mechanism of this important phase transition. For this reason,
I decided to follow a different approach and to investigate the peritectic phase transition from a
fundamental, thermodynamic perspective.
By conducting this present work on a fundamental basis, but bearing in mind the reported
difficulties encountered in the steel industry, I hope that this work will provide some direction
to the relevant industries and that the outcomes might be helpful to optimize the response to
the peritectic phase transition in commercial casting processes. Also, I trust that I have made a
contribution to the scientific community by presenting an experimental and theoretical study of
the general nucleation behavior of a newly formed phase under non-equilibrium conditions.
Thesis Stefan Griesser 3

2 The Peritectic Phase Transition
It doesn’t matter how beautiful your theory is, it doesn’t
matter how smart you are or what your name is. If
it doesn’t agree with experiment, it’s wrong. That’s all
there is to it. a Richard P. Feynman
aLecture at Cornell University, New York (1964).
In a peritectic system solidification starts with the primary precipitation of a solid phase (e.g.
δ-ferrite in steel) at some temperature below the liquidus temperature, which then solidifies until
it reaches the peritectic temperature TP . Under equilibrium conditions, a secondary solid phase
(e.g. γ-austenite in steel) nucleates at TP and all three phases (δ-ferrite/γ-austenite/liquid) are in
equilibrium with each other, according to Gibbs’ phase rule at constant temperature and pressure.
Nucleation in peritectic systems is of great importance, for example to act as grain refiners during
casting or welding processes. The best known example is the Al-Ti system, in which the primary
intermetallic phase Al3Ti can act as a nucleant for aluminium grains via a peritectic reaction
[8–11].
Many binary phase diagrams exhibit a peritectic phase transition, in which the primary solid phase
reacts with the liquid phase to produce a second solid phase, i.e. α + L → β. These include
copper and aluminium alloys as well as magnetic and electronic materials [12]. Perhaps the most
important example is the Fe-C system, in which at 1495 ◦C a peritectic is observed where δ-ferrite
and liquid are in equilibrium with γ-austenite. As it will be shown in the present work, nucleation
of γ-austenite plays an important role also in the Fe-C system, which can significantly influence
the kinetics of this important phase transition. By the addition of further alloying elements as well
as under non-equilibrium conditions, the peritectic region in the phase diagram transforms into a
three-phase-field and changes its position in terms of chemical composition and temperature, as
schematically drawn in Fig. 2.1. The peritectic temperature transforms into a temperature interval
which is defined by the peritectic start and the peritectic end temperature.
A classification of alloy compositions that lie within the peritectic range can be made by means
of the solidification mode. In systems with an equilibrium distribution coefficient smaller than
one, a ’hypo-peritectic’ alloy is referred to a composition between Cδ and CP at the peritectic
temperature, whereas alloys with a composition between CP and CL are called ’hyper-peritectic’
alloys. According to these definitions, hypo-peritectic compositions will contain the phases δ-
ferrite and γ-austenite below the peritectic temperature under equilibrium conditions. In hyper-
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Figure 2.1: Schematic of the peritectic region in the binary Fe-C phase diagram for equilibrium conditions
(continued lines) and for the addition of alloying elements and non-equilibrium conditions with
a three-phase-field (dashed lines). It should be noted that in most cases the position of C ′L also
differs from CL.
peritectic alloys the remaining liquid has the ability to feed the contraction in the liquid-solid
shell associated to the peritectic transition. The equilibrium distribution coefficient is given as
ke = CS/CL, where CS and CL are the compositions of the solid and liquid in equilibrium at
a given temperature, according to the equilibrium phase diagram. Many Al-based systems such
as Al-Ti have an equilibrium distribution coefficient larger than one in both the primary and the
peritectic phase. In such systems, using the term hypo-peritectic for peritectic alloys less than CP
refers to the range CL to CP . These alloys should contain the liquid and a solid phase below the
peritectic temperature, rather than two solid phases as in hypo-peritectic alloys in ke < 1 systems.
This ambiguity has not been resolved yet, and care is required when using the terms hypo- and
hyper-peritectic alloys. However, in all the systems studied in the present work, the equilibrium
distribution coefficient ke of the solutes is smaller than one in both phases, allowing the use of this
classification to distinguish between the different solidification modes.
Although Kerr et al. [13] proposed a general terminology for the events happening during peritectic
solidification, the terms peritectic reaction, peritectic transformation and peritectic transition have
been used inconsistently in the past. Following Kerr et al. [13], the following terminology will be
used in this work. The peritectic phase transition is described as a sequence of two separate events,
the peritectic reaction and the subsequent peritectic transformation, see Fig. 2.2.
The peritectic reaction is defined as the nucleation and growth of a secondary solid phase along
the interface between the liquid phase and a primary solid phase. In the iron-carbon system, the
liquid melt reacts with δ-ferrite to form γ-austenite, which then grows along the liquid/δ-ferrite in-
terface. The distinction between the peritectic reaction and peritectic transformation, i.e. when the
reaction finishes and the transformation begins, has been treated differently by some researchers.
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Figure 2.2: Mechanism and terminology of the peritectic phase transition in steel (modified from Ref. [14]).
For example, Nassar et al. [15] as well as Ruiz et al. [16] argue that the peritectic transformation ini-
tiates once the liquid/δ-ferrite interface has been completely covered by γ-austenite. This notation
is somehow delusive in a way that the thickening of the peritectic phase (i.e. the peritectic transfor-
mation) does not occur until the peritectic reaction has covered the whole liquid/δ-ferrite interface.
The distinction of the peritectic reaction and transformation has to be made locally, as originally
proposed by Kerr et al. [13] and shown in Fig. 2.3. In this figure, a thin layer of peritectic γ-phase
is growing along the liquid/δ-phase interface (peritectic reaction), followed by the thickening of the
γ-phase (peritectic transformation) short behind the tip of the γ-phase layer. Once the δ-ferrite
has been separated from the liquid by the γ-austenite, the further growth of γ-austenite is referred
to as the peritectic transformation, which is comprised of the liquid to γ-austenite and δ-ferrite to
γ-austenite phase transformations. In the literature on peritectic systems, the two separate events
direct solidification and transformation as proposed by Kerr et al. [13] have often been combined as
being ’transformation’. This terminology has often been used to describe the growth of γ-austenite
into the liquid as well as into δ-ferrite, respectively.
Figure 2.3: Original notation of the events occurring during the peritectic phase transition as proposed by
Kerr et al. [12].
For a long time experimental investigations of the peritectic reaction and subsequent transfor-
mations have been hampered by the experimental difficulties of in-situ observations at elevated
temperature. Most of the studies conducted relied mostly on model calculations and only a few ex-
perimental investigations were conducted using quenching experiments. In these experiments, the
Thesis Stefan Griesser 7
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volume fractions of liquid, γ-austenite and δ-ferrite phases were analyzed in the quenched specimen
at room temperature using post-transformation metallography. Uncertainty arises from the car-
bon analysis with electron probe microanalysis, which has been used to distinguish δ-ferrite from
γ-austenite. Especially in iron-carbon alloys, the subsequent austenite decomposition, masking
the higher temperature transformation, renders it very difficult to determine precisely the spa-
tial history of the liquid/γ-austenite and γ-austenite/δ-ferrite interfaces. Also, there have been
no observations reported of the peritectic reaction separate from the transformation. It was not
until the 1990’s when high-temperature laser-scanning confocal microscopy became available, that
in-situ observation of the peritectic phase transition in different alloying systems became possible.
This development renewed the interest in the study of this high-temperature phase transformation.
In the relevant literature, different models have been proposed over the past decades to describe
the mechanisms of the reaction and transformation, which will be described in more detail in the
following sections. A validation of these models will be given in Chapter 5.
2.1 The Peritectic Reaction
When the temperature of an Fe-C system drops below the peritectic temperature TP , γ-austenite
can nucleate preferably at δ-ferrite grain boundaries that are in contact with the liquid phase [17].
The peritectic reaction occurs when liquid, δ-ferrite and γ-austenite are in contact and the liq-
uid and δ-ferrite phases react to form γ-austenite. Hillert [18], Kerr et al. [13], Fredriksson [19], and
Chuang et al. [20] have proposed more detailed theories on the mechanism and progress of the peri-
tectic reaction. Hillert [18] was the first to propose a defined geometrical shape of the triple point
in the peritectic reaction and assumed a mechanism controlled by solute diffusion. He explained
that after nucleation, the peritectic phase will grow along the liquid/solid interface due to the
phase diagram requirement that both δ-ferrite and liquid be available to form γ-austenite. He also
argued that the growth of γ-austenite is accompanied by partial dissolution of δ-ferrite in front of
the growing γ-austenite tip, due to the rejection of carbon from γ-austenite into the liquid. This
situation is schematically illustrated in Fig. 2.4.
Figure 2.4: Schematic of the peritectic reaction proposed by Hillert [18].
The carbon concentration of the liquid in front of the liquid/γ-austenite interface (CγL) is higher
than the in front of the L/δ-ferrite interface (CδL), see Fig. 2.5a. The δ-ferrite is therefore in contact
with liquid of higher than equilibrium carbon concentration which leads to remelting of δ-ferrite in
front of the growing γ-austenite plate. The shape of the peritectic phase during the reaction stage
was later experimentally confirmed by Fredriksson and Nylen [21] and by St. John [22] in quenched
specimens of a Cu-70 wt.-% Sn alloy. The first in-situ observation of the remelted δ-ferrite ahead
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of the moving triple junction liquid/δ-ferrite/γ-austenite was conducted by Phelan et al. [23] and
is shown in Fig. 2.5b. Depending on the solidification conditions, different growth morphologies
and microstructures that occur during peritectic reactions have also been reported. More detailed
information on microstructure selection during peritectic solidification can be found in Refs. [24–26].
Figure 2.5: Binary Fe-C system with the compositions relevant for the remelting of δ-ferrite in front of the
advancing γ-austenite plate (a) and in-situ observation of the remelted δ-ferrite at the triple
junction [23] (b).
A number of models [27–31] have been proposed to quantify the rate of the peritectic reaction, all
assuming a diffusion controlled mechanism. It is important to note that these models can only be
applied as an approximation for the peritectic reaction, as the real mechanism corresponds either to
a half-sided plate growth or to a sort of eutectic (e.g. coupled) growth, see for example Refs. [32,33]. In
today’s literature the classical analytical model to predict the growth rate of γ-austenite during the
peritectic reaction is the model proposed by Bosze and Trivedi [31]. For this reason, the derivation of
this model will be discussed in more detail, with reference to McDonald et al. [34]. In 1946, Zener [28]
and later Hillert [29] proposed a model for the lateral growth of a platelet which was derived from
Fick’s 1st and 2nd laws, respectively. For their models, they assumed a steady state diffusion profile
in the parent phase with no diffusion in the growing phase. The assumption was that the tip grows
with a radius corresponding to (i) the minimum of undercooling when the growth rate is fixed or (ii)
the maximum of growth rate when the undercooling is fixed. Eq. 2.1 shows the model of Zener [28]
with no correlation between the thickness of the diffusion boundary layer, L, and the thickness of
the growing plate. Hillert [29] then modified this model, Eq. 2.2, by considering the effect of pressure
caused by interfacial energy on the equilibrium compositions in terms of the radius of curvature of
the growing phase. The rate equations can be written as:
v =
CγL − CδL
CγL − CLγ
· (D
L
) (2.1)
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v =
CγL − CδL
CγL − CLγ
· (D
2r
) · (1− rc
r
) (2.2)
where CγL, C
δ
L, and C
L
γ are the compositions at some temperature below the peritectic temper-
ature of the liquid at the γ-austenite/liquid boundary, liquid at the δ-ferrite/liquid boundary, and
γ-austenite at the γ-austenite/liquid boundary, respectively, as shown in Fig. 2.5a. D is the interdif-
fusion coefficient or the interstitial diffusion coefficient, L is the thickness of the diffusion boundary
layer, rc is the critical radius, and r is the radius of curvature of the growing phase. Trivedi
[30]
assumed the shape of the growing phase to be a paraboloid of revolution and expands upon the
previous solutions of Ivantsov et al. [35] who assumed that the growing interface was isothermal
in nature. He also expands upon the work of Temkin [36] and Kotler and Tarshis [37] who derived
solutions for growth under small Peclet numbers and using an approximate heat flow solution, re-
spectively. After presenting an exact solution to the heat flow equation, including curvature effects
and interface kinetics for the case of a growing dendrite from a supercooled melt, Trivedi draws an
analogy to mass transfer and develops equations for the growth of a needle-shaped precipitate from
a supersaturated solid solution. His main assumptions are the shape of the interface near the tip,
that free energy and interface mobility are independent of crystallographic orientation, that there
is no diffusion inside the new phase, and that the diffusion coefficient and partial molar volume
of solute are independent of concentration. Eqs. 2.3-2.5 show the Bosze and Trivedi [31] simplified
version of this model, where they assume that the new phase would grow at its maximum velocity
and have a radius one-half the thickness of the plate. They express the velocity v of the γ-austenite
plate as a function of supersaturation:
v = (
9
8π
) · (DL
R
) · Ω′2 (2.3)
Ω
′
=
Ω
1− 2Ω/π − Ω2/2π
(2.4)
Ω =
CγL − CδL
CγL − CLγ
(2.5)
where DL is the diffusion coefficient of solute in the liquid and C
γ
L and C
δ
L are the solute con-
centrations in the liquid in equilibrium with the γ-austenite and δ-ferrite phases respectively. It
should again be pointed out that this model ignores the effect of solid diffusion on the peritectic
reaction and describes only the solidification of γ-austenite.
In 1982 Fredriksson and Nylen [21] applied the Bosze and Trivedi model [31] to the peritectic
reaction velocity in Cu-Sn, Ag-Sn and Al-Mn systems, but without experimental validation due to
the lack of suitable experimental techniques available at the time. The first in-situ experimental
observation of the kinetics of the peritectic reaction in Fe-C alloys was done by Shibata et al. [38]
in the year 2000 by using high-temperature laser-scanning microscopy, see Fig. 2.6. They found
10 Thesis Stefan Griesser
2.1 The Peritectic Reaction
that the reaction velocity is a function of the carbon content and is increasing with an increasing
undercooling below the equilibrium peritectic temperature. The observed growth velocities of the
peritectic phase along the liquid/δ-ferrite interface in a Fe-0.42C alloy were measured to be 1500
to 4000 µm/s, which was much higher than the calculated velocities using Bosze and Trivedi’s
model [31]. The authors came to the conclusion that the peritectic reaction cannot be governed
by a diffusion controlled mechanism, but by either a massive transformation or solidification of
γ-austenite directly from the liquid. However, some of the largest uncertainties in the application
of Bosze and Trivedi’s model [31] lie in the lack of accurate values for the tip radius of the growing
γ-austenite plate and the diffusivity in the liquid, which will be shown in Chapter 5 to influence
the results by several magnitudes. The values used by the authors were chosen to be 5 µm for
the tip radius and 2 · 10−8 m2/s for the diffusivity of carbon in the liquid. It will be shown in
the present work, that the tip radius for the observed undercoolings lies well below 1 µm and that
the diffusivity of carbon in the liquid phase can be increased significantly due to the presence of
convection and fluid flow. The latter has been investigated by Yin and Emi [39], who observed a
strong Marangoni convection in an iron-carbon alloy during solidification in a cylindrical crucible
also using high-temperature laser-scanning confocal microscopy. Also, Ohno et al. [40] argue that the
lower predicted values for the reaction velocity using Bosze and Trivedi’s model [31] arise from the
fact that solid diffusion is ignored in the model and that the model does not explicitly deal with the
motion of the triple junction, but instead describes only solidification of γ-austenite. Therefore, the
conclusion that a non-diffusional mechanism is responsible for the peritectic reaction in the iron-
carbon system, simply based on the inability of Bosze and Trivedi’s [31] analytical model to predict
the observed rate seems to be unjustified. In 2005 Arai et al. [41] conducted similar experiments in
the iron-nickel system, showing that the growth rate of the γ-austenite plate during the peritectic
reaction in a Fe-4.86at.-%Ni of 145 µm/s is much lower than in a Fe-0.42wt.-%C alloy, reflecting
the much lower diffusivity of nickel (solute diffusion) compared to carbon (interstitial diffusion).
Consequently they proposed a diffusion-controlled mechanism of the peritectic reaction in the iron-
nickel system.
As the high reaction velocities in the iron-carbon system were thought to not be controlled by
the diffusion of carbon, a new mechanism was proposed by Phelan et al. [23] in 2008 following their
investigation of the kinetics of the peritectic reaction in carbon steel by using high-temperature
laser-scanning microscopy. In their model, the peritectic reaction is controlled by the rate of
dissipation of heat of transformation that is released by the growing γ-austenite phase. They also
suggest that it is this latent heat that leads to the remelting of δ-ferrite in front of the growing γ-
austenite plate. They applied a heat transfer model which was originally developed by Chalmers [42],
in which he suggested that in the absence of solute diffusion control, the maximum growth rate v
is a function of the temperature gradient GS , the thermal conductivity KS and the density ρ of the
solid:
v =
KS ·GS
ρ · L
(2.6)
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Figure 2.6: Progress of the peritectic reaction in a Fe-0.42C alloy (modified from Shibata et al. [38]).
where L is the latent heat of fusion. The latent heat of transformation pertaining to the peritectic
reaction is a function of both the latent heat of fusion accompanying the liquid to γ-austenite
transformation and the δ-ferrite to γ-austenite transformation. Their proposed mechanism for the
peritectic reaction can be summarized as follows [23]. A γ-austenite platelet nucleates at a δ-ferrite
grain boundary and grows along the liquid/δ-ferrite interface. Some δ-ferrite remelts ahead of the
advancing γ-austenite plate as a result of the heat of fusion released by the formation of γ-austenite.
This remelted δ-ferrite of composition 0.1 wt.-% C mixes with liquid of composition 0.52 wt.-% C
to form a region of composition 0.18 wt.-% C immediately ahead of the advancing γ-austenite tip.
The γ-austenite grows therefore into a liquid of exactly the same composition and hence, without
the need for carbon to diffuse in either γ-austenite or δ-ferrite. The reaction is therefore controlled
by thermal diffusion. The experimentally observed growth rates of their investigations using a
Fe-0.18C alloy varied from 0.4 to 12.5 mm/s, which is in good agreement with their calculated
velocities of 0.315 to 14 mm/s for thermal gradients between 1 and 45 K/mm. However, a direct
comparison between their experimental observations and the calculations seems to be difficult due
to the lack of accurate values for the temperature gradient in their specimen. Also, their model
fails to explain the dependency of the reaction velocity on the carbon concentration as well as the
undercooling below the equilibrium peritectic temperature. A detailed analysis and comparison of
their model with the results of the present work will be given in Chapter 5.
In 2009 Nassar et al. [15] proposed a different model to explain the high reaction velocities observed
in HTLSCM by analyzing the shape of the γ-austenite plate published earlier by Arai et al. [41].
They argued that the shape of the γ-austenite plate is determined by the high surface tension at
the γ-austenite/δ-ferrite interface, which is a result of the elastic strain between γ-austenite and
δ-ferrite. They further argued that this strain causes an increase in the Gibbs free energy, leading
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to an undercooling below the equilibrium peritectic temperature and a drop in the equilibrium
peritectic concentrations in all phases. The authors derived a theoretical model for the growth rate
of a plate-shaped participate by extending Bosze and Trivedi’s model [31] with the surface tension
coefficient between δ-ferrite and γ-austenite:
v =
27 ·DL ·R · T · (kγ/LFe − k
γ/L
C ) · (x
L/γ
C − x
L/δ
C )
128 · π · E · εEl · d · V Lm
· ( Ω
Ω′
)3 (2.7)
where DL is the diffusion coefficient of carbon in the liquid, R is the gas constant, T is the
temperature, k is the partition coefficient of iron and carbon respectively at the γ-austenite/liquid
interface, x is the carbon concentration in the phases, E is the Young’s modulus, εEl is the elastic
strain at the δ-ferrite/γ-austenite interface of thickness d, V Lm is the molar volume of the liquid, Ω
is the saturation defined by the compositions and Ω
′
is a modified saturation parameter defined
for the purpose of mathematical simplification. In the iron-carbon system the calculated velocities
were in the range of 0 to 180 µm/s for undercoolings of 0 to 40 K, which is much less than the
experimentally observed values by other researchers [38,23]. The authors argue that the observed
high reaction velocities of up to 12 mm/s cannot be explained by a diffusion-controlled mechanism
and therefore cannot be compared to their calculations. In order to explain the high growth rates
in the iron-carbon system, direct nucleation of γ-austenite from the melt was proposed by the
authors as a result of the strain-energy dissipation in the δ-ferrite/γ-austenite interface and the
resulting change of the phase diagram. In the iron-nickel system, which has been shown to be
diffusion-controlled by Arai et al. [41], the calculated velocities are in the same order of magnitude
as the observed values of 23 and 145 µm/s.
In recent work, Ohno et al. [40] analyzed the peritectic reaction in carbon steel using their self
developed quantitative phase-field model. A detailed description of this model can be found in
Ref. [43]. They also argue that the conclusion of a non-diffusional mechanism of the peritectic
reaction based on the analytical model developed by Bosze and Trivedi [31] is untenable because this
model ignores the effect of solid diffusion. Furthermore, as already previously stated, they argue
that this model does not explicitly deal with motion of the triple junction, but instead describes
only the solidification of γ-austenite. The results for the rate of the peritectic reaction calculated
with their phase-field model are fairly consistent with the experimentally measured values available
in the literature (see Fig. 2.7) and thus, the authors conclude that the experimental findings of
Shibata et al. [38] and Phelan et al. [23] can be explained by a diffusion-controlled mechanism.
However, they could not provide a sound explanation for the concentration dependency of the
experimental data, but suggest possible effects of the system size and that they have not taken
into account the concentration dependence of the physical parameters such as the diffusion co-
efficients. The authors also investigated the effect of the interfacial energy σγδ between δ-ferrite
and γ-austenite, since a dependency of the reaction rate on σγδ was proposed by Nassar et al.
[15].
However, the results of their simulations did not show any significant changes in the reaction rate
in the realistic range of σγδ > 0.37 J/m
2.
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Figure 2.7: Comparison between the experimentally observed reaction velocities and the results of the phase-
field simulation by Ohno et al. [40].
In a subsequent study conducted by the same authors [44], their phase-field model was applied
to study the effect of various parameters on the motion and morphology of the triple junction
liquid/δ-ferrite/γ-austenite during the peritectic reaction. They found that in some instances,
when the migration of the δ-ferrite/γ-austenite interface is negligibly slow compared to the rate
of migration of the γ-austenite/liquid interface, the peritectic reaction proceeds by solidification of
γ-austenite only and the classical Bosze and Trivedi model [31] might be valid. In the present study,
the conditions for the application of this model to validate the experimental results are shown to
be fulfilled and a detailed validation and discussion can be found in Chapter 5.
2.2 The Peritectic Transformation
Once the δ-ferrite is separated from the liquid by the laterally growing γ-austenite phase dur-
ing the peritectic reaction, further formation (growth) of γ-austenite is defined as the peritectic
transformation which is comprised of the liquid to γ-austenite and δ-ferrite to γ-austenite phase
transformations. This situation is schematically illustrated in Fig. 2.8. In this figure, the growth of
γ-austenite into the liquid and δ-ferrite is governed by solute diffusion of B atoms from the liquid
through the γ-austenite into the δ-ferrite.
Figure 2.8: Schematic of the peritectic transformation according to Hillert [18].
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It is generally accepted that it is the peritectic transformation that is the root cause of a va-
riety of problems encountered in conventional continuous casting processes for alloys that are of
near-peritectic composition. In particular the δ-ferrite to γ-austenite transformation has been
identified as being problematic since the progression of the incoherent δ-ferrite/γ-austenite inter-
face is accompanied by a volume contraction of about 6 %. For that reason extensive research has
been conducted over the past few decades in order to gain a better understanding of this phase
transformation. Chuang et al. [20] and Fredriksson and Stjerndahl [45] were the first to study the
solidification of steel involving the peritectic transformation, suggesting that the diffusion of car-
bon from the liquid across γ-austenite to δ-ferrite controls the rate of the peritectic transformation.
Ueshima et al. [46] made a modelistic calculation and conducted directional solidification experiments
to predict the solute redistribution on the same assumption that the diffusion of carbon is rate de-
termining. Matsuura et al. [47,48] showed by experiments using a diffusion couple of an iron-carbon
melt and δ-ferrite that the migration velocities of the liquid/γ-austenite and γ-austenite/δ-ferrite
interfaces agree well with those calculated by the model by Ueshima et al. [46]. In an alternative
approach, El-Bealy and Fredriksson [49] used a chill apparatus to measure heat flow as a means of
benchmarking their model of the peritectic transition, but as in all other experimental techniques
available at that time it was not possible to separate the spatial history of the liquid/γ-austenite
and γ-austenite/δ-ferrite interfaces during the peritectic transformation. It was not until 2000 that
Shibata et al. [38] were able to quantitatively measure the rates of progression of the γ-austenite/δ-
ferrite and liquid/γ-austenite interfaces independently by the use of high-temperature laser-scanning
confocal microscopy (Fig. 2.9). In this first in-situ investigations, they used a hypo-peritectic Fe-
0.14wt.-%C alloy as well as a hyper-peritectic Fe-0.42wt.-%C alloy. The growth kinetics of the
Fe-0.42wt.-%C alloy was proportional to the square root of time for cooling rates between 1 and
20 K/min, which is consistent with diffusion-controlled growth. This is in marked contrast to their
observations made in the Fe-0.14wt.-%C alloy, where the transformation of δ-ferrite to γ-austenite
occurred only in a fraction of a second. They concluded that this fast transformation cannot be
controlled by the diffusion of carbon but rather by a massive type of transformation independent
of diffusion. This conclusion was later backed up by other researchers [41,38,50–52]. Shibata et al. [38]
also found that in the iron-carbon system and during diffusion-controlled growth, the growth rate
of γ-austenite into δ-ferrite was higher than the growth rate of γ-austenite into the liquid phase.
This observation has been explained by some researchers [53,54,40] by the small compositional gap at
the δ-ferrite/γ-austenite interface compared to the γ-austenite/liquid interface.
Nassar et al. [15] applied an analytical model, Eq. 2.8, which was originally derived by Fredriksson
and Nylen [21] to the experimental data of Shibata et al. [38]. In this model, the growth rate of the
γ-austenite phase during the peritectic transformation can be expressed as:
∂dγ
∂t
=
∂dγ/δ
∂t
+
∂dL/γ
∂t
=
Dγ
dγ
· (x
γ/L − xγ/δ
xγ/δ − xδ/γ
) +
Dγ
dγ
· ( x
γ/L − xγ/δ
xL/γ − xγ/L
) (2.8)
where dγ is the thickness of the γ-austenite layer, ∂dγ/δ/∂t and ∂dL/γ/∂t are the growth rates
of the γ-austenite interfaces towards the δ-ferrite and liquid phase, respectively. Dγ is the diffu-
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Figure 2.9: Peritectic transformation in a Fe-0.42C alloy with a cooling rate of 1 K/min under a thermal
gradient of 4.3 K/mm, Shibata et al. [38] (left) and the comparison to an analytical model by
Nassar et al. [15] (right).
sion coefficient of solute atoms in γ-austenite. It should be noted that the derivation of Eq. 2.8 is
made under the assumption of small concentration gradients in the δ-ferrite and the liquid phase,
i.e. it is only valid close to equilibrium conditions. The experimental data from Shibata et al. [38]
was generated using a cooling rate of 1 K/min, resulting in good agreement with the model cal-
culation, as shown in Fig. 2.9. A further common simplifying assumption in the modeling of the
peritectic transformation is that there is complete solute mixing in the liquid phase, which is fre-
quently extended to the δ-ferrite as well. For example, El-Bealy and Fredriksson [49] as well as
Matsuura et al. [48] assumed uniform carbon distribution (complete mixing) in both the liquid and
δ-ferrite. Das et al. [55] undertook a numerical study of the peritectic transformation in Cd-Ag
and Pb-Bi alloys, assuming complete mixing in the liquid phase but also taking into account the
more rigorous case of diffusion in the peritectic phase. Shibata et al. [38] and Won and Thomas [56]
modeled segregation during casting of Fe-C alloys of peritectic composition under the assumption
of complete mixing in the liquid, and Ha and Hunt [57] did the same for a Ag-14wt.-%Sn alloy.
These simplifying assumptions are typically justified by the argument that the rate of diffusion
in the δ-ferrite and liquid phases is substantially higher than that in the γ-austenite phase, and
can therefore be neglected. Phelan et al. [58] investigated the peritectic transformation in Fe-C
alloys by means of high-temperature laser-scanning microscopy in combination with multiphase,
multicomponent phase-field modeling. They showed that at higher cooling rates (i.e. 100 K/min)
an inversion in the rate of propagation of the respective interfaces can occur based on the solute
buildup in the liquid at the liquid/γ-austenite interface, and that for accurate modeling of the peri-
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tectic transformation diffusion in all participating phases has to be considered. They furthermore
argued that the concentration gradient in the liquid phase leads to an increased flux of solute across
the interface, culminating in an increased propagation velocity of the liquid/γ-austenite interface,
in agreement with their experimental observations.
Arai et al. [41] employed high-temperature laser-scanning microscopy to study the transformation
kinetics in Fe-3 to 5 at.-% Ni alloys. The growth rates of the γ-austenite phase during both the peri-
tectic reaction as well as the transformation were much lower compared to the iron-carbon system,
reflecting the much lower diffusivity of nickel compared to carbon. When the transformation inter-
faces remained planar during the peritectic transformation, the growth of the γ-austenite towards
the liquid was faster than towards the δ-ferrite, which is in marked contrast to the observations in
the iron-carbon system. The authors also observed a massive type of transformation of the same
type as shown earlier by Shibata et al. [38] in the iron-carbon system. However, the authors did not
provide details of the cooling rates or undercoolings below the equilibrium peritectic temperature
for their observations, making it difficult to interpret their results. In the present study it will be
shown that the mechanism of both the peritectic reaction and transformation are strongly depended
on the extent of undercooling below the equilibrium peritectic temperature and the existence of
solute diffusion fields across the liquid/δ-ferrite interface prior to the peritectic phase transition.
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3 Principles of Thermodynamics Relevant to the
Peritectic Phase Transition
One of the principal objects of research in my depart-
ment of knowledge is to find the point of view from
which the subject appears in the greatest simplicity. a
Josiah Willard Gibbs
aQuoted in A.L. Mackay, Dictionary of Scientific Quota-
tions, London (1994).
In the following Chapter a short theoretical background will be given of the principles of ther-
modynamics relevant to the peritectic phase transition since some of the key findings of the present
study are based on a sound understanding of the fundamentals of thermodynamics. Of special
importance are the driving forces for solidification and diffusion, the nucleation of a new solid
phase between a parent solid phase and a liquid phase as well as the thermodynamics of massive
transformations. The importance of differentiating between open and closed systems, especially
when considering the nucleation of γ-austenite at the liquid/δ-ferrite interface, will be emphasized
in a subsequent Chapter. For the sake of simplicity only binary systems will be considered.
3.1 Fundamentals
For the description of thermodynamic processes a system can exist in three possible states with
respect to its environment. In an open system, energy as well as material can be exchanged
between the system and its environment. This case is the most important case when considering
the peritectic phase transition in steel. In a closed system, only energy can be exchanged whereas
the total number of particles or material within the system remains constant. In an adiabatic
system, neither energy nor material is exchanged. In a thermodynamic open system, the total
internal energy U contained in the system is the sum of all forms of energy intrinsic to this system.
The total change in internal energy of a system considering internal as well as external influences
may therefore be written as:
dU = T · dS − P · dV + F · dl + Ψ · de+
n∑
i=1
µi · dNi + ... (3.1)
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Eq. 3.1 relates the total change in internal energy to the sum of the products of intensive variables
of temperature T , pressure P , contractile force F , chemical potential µi, electrical potential Ψ, and
the changes in extensive properties of the entropy dS, volume dV , contractile length dl, number of
particles dNi, and electric quantity de
[59]. A number of addidtional terms may be added, depending
on the particular system being considered. When the external potential energy of a system, caused
by a gravitational, electrical or magnetic field is held constant during an energy exchange with the
environment, the remaining energy change of this system is referred to the change dU of its internal
energy U :
dU = T · dS − P · dV +
n∑
i=1
µi · dNi (3.2)
Because S, V , and Ni are extensive variables, Euler’s homogeneous function theorem allows easy
integration of dU [60]:
U = T · S − P · V +
n∑
i=1
µi ·Ni (3.3)
The useful or available energy obtainable from such a thermodynamic system at a given temper-
ature and pressure is referred to as the Gibbs free energy, G, which is defined as
G = U + P · V − T · S (3.4)
The total differential of Eq. 3.4 yields
dG = dU + P · dV + V · dP − T · dS − S · dT (3.5)
Substituting Eq. 3.2 in Eq. 3.5 gives
dG = T · dS − P · dV +
∑
i
µi · dNi + P · dV + V · dP − T · dS − S · dT (3.6)
or
dG = V · dP − S · dT +
∑
i
µi · dNi (3.7)
Eq. 3.7 is one form of the Gibbs fundamental equation [61]. The term involving the chemical
potential accounts for the changes in Gibbs free energy resulting from an influx or outflux of
particles, in other words it holds for an open system. For a closed system this term may be
dropped.
Substituting Eq. 3.3 into the definition of G, Eq. 3.4, gives a standard expression for G at constant
temperature and pressure:
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G = T · S − P · V +
∑
i
µi ·Ni + P · V − T · S (3.8)
or
G =
∑
i
µi ·Ni (3.9)
For an isothermal and isobaric process in an open system, the change in free energy dG during
the process is
dG =
∑
i
µi · dNi (3.10)
From this definition another important variable can be expressed, which is referred to as the
chemical potential µi of the component i in the mixture:
µi = (
dG
dNi
)T,P,Ni (3.11)
The chemical potential cannot be measured directly, and its absolute values are related to a
reference state. It is defined as the partial derivative of the free energy with respect to the component
i with all other variables being kept constant. In other words, it gives the change in free energy
dG that arises from adding or removing material of the amount dNi at constant pressure and
temperature.
The discussion of equilibria and of the driving force for reactions in alloys are usually based upon
the Gibbs free energy, G, in particular by the use of free energy - composition (further referred to
as G−x) diagrams. Under conditions of constant temperature and pressure, the Gibbs free energy
is particularly interesting because equilibrium is then characterized by a minimum of this quantity
and the decrease in Gibbs free energy during a spontaneous reaction can be regarded as the driving
force [62]. Fig. 3.1 shows a schematic G− x diagram for a phase α consisting of two components A
and B at constant temperature and pressure. The lowest energy state the system can reach under
this conditions is at composition xB with the chemical potentials of components A and B of µA
and µB, respectively. In order for a single phase to have internal stability, every separation of the
two components must result in an increase of G for the system.
In a practical system, true thermodynamic equilibrium cannot be attained since an infinite
amount of time is required for the diffusion of atoms to completely homogenize the phases. For
example, the rate of the peritectic transformation is strongly depending on the solute diffusivity
and concentration gradients within the phases. The driving force for the elimination of differences
in composition within a phase (i.e. diffusion) may be described best with respect to Fig. 3.2. Here,
the system contains of a single phase similar to Fig. 3.1 but now with emphasis on a region of high
B concentration and a region of low B concentration, with the compositional difference between
these two regions being ∆xB. In a chemical system, the driving force for the diffusion of each
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Figure 3.1: Molar free energy of a phase α as a function of the mole fraction of component B for a constant
temperature and pressure.
component i is the gradient of the chemical potential ∆µi over the transport distance ∆z, resulting
in a flux Ji of the respective atoms according to Fick’s law (one dimensional):
Ji = −
Di · ci
R · T
· ∆µi
∆z
(3.12)
where D is the diffusion coefficient, c is the concentration, R is the universal gas constant and
T is the absolute temperature. In simple cases the gradient of chemical potentials can be replaced
by the concentration gradient ∆ci/∆z:
Ji = −Di ·
∆ci
∆z
(3.13)
However, as some phenomena cannot be explained by the use of Eq. 3.13 (e.g. uphill diffusion),
the gradient in chemical potentials will be used for further discussion in this study.
Figure 3.2: Driving force for the diffusion of A and B atoms.
From Eq. 3.12 it can be seen that for a given system at constant temperature and pressure,
the magnitude of the flux of any particular component depends on the local difference in the
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chemical potential of the particular component, which in turn depends on the concentration of the
component. For a system such as shown in Fig. 3.2, diffusion of A and B atoms will occur until the
overall system reaches its minimum state of free energy, as shown in Fig. 3.1. In iron-carbon alloys,
the small concentrations of carbon together with the shape of the G − x diagrams is such that
only a small difference in carbon concentration leads to a significantly higher driving force for the
diffusion of carbon atoms than for the diffusion of iron atoms, i.e. ∆µC  ∆µFe. This, together
with the much higher diffusivity of the interstitial carbon atoms compared to iron atoms, leads to
a much higher flux of carbon atoms than iron atoms. This is important especially when diffusion
at moving phase interfaces is considered. In the next section, the thermodynamic principles for the
nucleation of a new phase will be discussed based on the variables and principles explained above.
3.2 Thermodynamics of the Nucleation of a New Phase
In this section the thermodynamic principles for the formation of a new phase from a parent
phase will be discussed as it is important to understand the thermodynamic driving forces for the
formation of the peritectic phase during the peritectic phase transition. Consider an alloy with
composition XInitialB inside the two-phase region, α + β, as schematically shown in Fig. 3.3a. For
the sake of simplicity the new phase β is considered to be a stoichiometric phase.
Figure 3.3: Gibbs free energy diagram demonstrating a) the driving force at the start of precipitation of β
and b) the driving force for a complete precipitation of β (according to Hillert [63]).
If the new phase β falls below the α tangent at the composition of xInitialB , the driving force for
the precipitation of β out of the supersaturated α phase is equal to −∆Gmβ . This is the driving
force at the start of the precipitation of β, in particular the nucleation stage [63]:
−∆Gmβ = ∆xB ·
d2Gmα
dx2B
· (xEBβ − xEBα) (3.14)
As the precipitation process continues, the supersaturation will decrease gradually and so will
the driving force. It may thus be interesting to evaluate the integrated driving force which should
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represent an average value for the whole process. The method of evaluation of the driving force for
the transformation of the whole system, i.e. the difference in Gibbs free energy between the final
α + β mixture and the initial supersaturated α phase, is illustrated in Fig. 3.3b. The two phases
are in equilibrium with each other when the chemical potential for each component is the same
in both phases. In other words, thermodynamic equilibrium is reached when the compositions of
the phases, xEBα and x
E
Bβ , align with those given by the common tangent of the particular Gibbs
free energy curves, representing the lowest possible Gm of the overall system. From Eq. 3.14 it is
interesting to notice that the last expression contains a factor (xEBβ−xEBα) which is the difference in
composition between the two phases. At the start of precipitation, a new phase may thus be favored
if it differs much in composition even if it cannot be in stable equilibrium with the matrix phase.
This situation is schematically illustrated in Fig. 3.4. It is thus conceivable that the nucleation of
a stable precipitate phase can be very difficult because it has a similar composition to that of the
matrix (β-phase), but a metastable phase with a quite different composition (γ-phase) can form
and assist in nucleating the stable phase [62].
Figure 3.4: Effect of phase composition on the driving force at the start of precipitation (according to
Hillert [62]).
In the iron carbon system, the composition of the peritectic γ-austenite phase is equal to 0.17
wt.-% C compared to the matrix composition of 0.1 wt.-% C in the δ-ferrite. Therefore, the driving
force for the precipitation of γ-austenite may be considered as relatively small. It will be shown
in Chapter 6 that under certain circumstances, the driving force for the nucleation of γ-austenite
during a peritectic reaction in iron-carbon systems can change in a way that γ-austenite becomes
thermodynamically unstable even below the equilibrium peritectic temperature.
Another example for the change in Gibbs free energy is the effect of pressure (Gibbs-Thomson
effect), by which the relative position of the Gibbs free energy curves for different phases can change
due to differences in the molar volumes V m. This effect is even stronger if the pressure is applied to
one of the phases only, which may happen due to the effect of surface energy at a curved interface.
For example, the parabolic tip of the peritectic γ-austenite phase during the peritectic reaction (see
Chapter 5) may contribute to different pressures in the phases and result in a small variation of
the relevant Gibbs free energy curves. Fig. 3.5 shows the effect of pressure pβ on a stoichiometric
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β phase and the resulting change in the equilibrium compositions between the two phases, where 0
denotes atmospheric pressure. This situation is similar for the case of a non-stoichiometric β phase,
but here also the composition of β will depend on the pressure.
Figure 3.5: Change in composition of a phase in equilibrium with a second phase on which a pressure is
applied (according to Hillert [62]).
Once a stable nucleus has formed, the growth of this new phase will continue with the everlasting
goal of establishing thermodynamic equilibrium between the co-existing phases. One example of
this is the solidification of alloys, which will be described in more detail in the next section.
3.3 Thermodynamics Principles of Solidification
Similar to the effect of pressure, a change in temperature goes along with a change of the relative
positions of the Gibbs free energy curves for the different phases and thus, a change of the common
tangent of the phases. This in turn leads to a change of the equilibrium compositions of the phases,
as typically shown in phase diagrams.
Consider a system of A and B atoms where, at fixed temperature and pressure, a liquid phase
coexists with a solid phase with the same composition xB0, as illustrated in Fig. 3.6a. Since
µAS 6= µAL and µBS 6= µBL, the system could decrease its energy by transferring solute atoms B
from the solid to the liquid (gain of energy µBL − µBS < 0) and solvent atoms A from the liquid
to the solid (gain of energy µAS − µAL < 0). The variation of free energy of the system during this
operation would be given by:
dG = (µAS − µAL) · dnA + (µBL − µBS) · dnB < 0 (3.15)
The diffusion of atoms would take place until the compositions of both phases lie on the common
tangent, i.e. µAS = µAL and µBS = µBL as it is shown in Fig. 3.6b.
For a stationary interface (Fig. 3.7a), the concentrations in the liquid and solid phases at the
interface are homogeneous in all phases. The chemical potential of B atoms is equal in the solid
and the liquid phase, as previously shown in Fig. 3.6b. Note that the composition is discontinuous
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Figure 3.6: Free energies of two phases as a function of composition a) at the intersection of the two curves
and b) showing the condition of equilibrium when they co-exist (according to Ref. [64]).
across the interface, whereas the chemical potentials are continuous from the tangent construction.
On the other hand, when the interface progresses at a very high velocity, the solute atoms in the
liquid in front of the liquid-solid interface do not have enough time to be transported away from
that interface and are instead trapped in the newly formed solid phase. Of course, in that event the
chemical potentials of the solute elements no longer satisfy the equilibrium condition, as shown in
Fig. 3.7b. When a phase transformation occurs under diffusion it often happens that the processes
occurring at the phase interfaces are rapid compared to the rate of diffusion. The transformation
will then be diffusion controlled and the boundary conditions governing the rate of diffusion can
be evaluated by assuming that, whenever two phases meet at an interface, their compositions
right at the interface are very close to those required by equilibrium. This is referred to as the
local equilibrium approximation [63]. The assumption of local equilibrium at the interface has been
accepted as a useful approximation for computational modeling; however, true local equilibrium
can never occur exactly because no net transport of material is possible in a genuine equilibrium
situation [65]. The actual events occurring at a solid-liquid interface during the migration of that
interface (i.e. solidification) have to be discussed at atomic scale and may be described best with the
help of Fig. 3.7c. In systems with an equilibrium distribution coefficient of k0 = (x
∗
BS)/(x
∗
BL) < 1
and during cooling, solute elements are being rejected from the solid into the liquid phase, resulting
in a pile-up of solute elements in front of the solid-liquid interface. In order for the interface to
move, i.e. for A atoms to attach to the interface, the solute elements in front of that interface have
to be transported away from that interface. This becomes clear when one considers the chemical
potentials of the components in the phases, as schematically shown in Fig. 3.8.
The solute pile-up in the liquid phase generates a concentration gradient which in turn results in
a flux of solute atoms away from the solid-liquid interface. As a result the concentration profile in
the liquid (full line in Fig. 3.7c) flattens out (dashed line in Fig. 3.7c) reducing the concentration of
the liquid at the interface by a small amount to x∗
′
BL, which is below the equilibrium composition of
x∗BL. This results in a difference in the chemical potentials of the components across the interface,
and yet again a flux of B atoms from the solid into the liquid phase and A atoms from the liquid
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Figure 3.7: Illustration of different conditions at a solid-liquid interface for different interface velocities:
a) full equilibrium at zero velocity (stationary), b) solute trapping at high velocity and c) con-
centration gradients at medium velocity (modified from Ref. [66]).
to the solid phase. In the Fe-C system, carbon atoms are rejected from the solid into the liquid
phase, whereas iron atoms from the liquid attach to the solid phase, causing the interface to move
ahead. It follows from Fig. 3.8 that in the absence of the small compositional difference ∆x∗BL at
the interface there would be no driving force for diffusion of either A and B atoms. Therefore, true
local equilibrium at a moving interface cannot exist. Of course, the same process occurs in the solid
phase (i.e. via back-diffusion), but for the sake of clarity it is not shown in Fig. 3.7c and Fig. 3.8.
When most of the driving force is dissipated by diffusion, the interface is said to move at a rate
controlled by diffusion. Interface-controlled growth occurs when most of the available free energy
is dissipated in the process of transferring atoms across the interface.
Figure 3.8: Construction of the driving force for solidification and diffusion of solute across the solid-liquid
interface.
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However, a reasonable approximation for the establishment of a simple analytical model for
diffusion-controlled growth is that local equilibrium exists at the interface. As mentioned above,
the velocity of an interface during diffusion-controlled growth is governed by the transport of solute
away from the interface. In other words, the solute flux away from the interface by diffusion must
equal the rate at which solute is partitioned:
v · (C∗L − C∗S) = DS ·
dCS
dz
−DL ·
dCL
dz
(3.16)
where v is the solidification front velocity, D is the diffusion coefficient and C∗L and C
∗
S are the
interfacial compositions of the liquid and solid phase, respectively. The first term on the right hand
side of Eq. 3.16 describes the solute flux due to back-diffusion into the solid whereas the second
term describes the solute flux in the liquid phase due to the pile-up in front of the interface. From
Eq. 3.16 it can be seen, that the solidification front velocity will decrease when the solute enriched
in the liquid phase cannot be transported away quickly enough from that interface. This can also be
seen in the experimental measurements of the solidification front velocity, presented in Chapter 5.
Under some circumstances, a phase transformation can also occur completely without the pres-
ence of diffusion. The thermodynamic principles of such diffusionless (i.e. massive) transformations
will be described in the next section.
3.4 Thermodynamics of Massive Transformations
When a phase transformation occurs in an alloy without any difference in composition between the
respective phases, it is regarded as a partition- or diffusionless (massive) transformation. According
to the principles of thermodynamics, a massive transformation can occur if the free energy of the
system is reduced by transforming one phase directly into another. The thermodynamic condition
for a massive transformation to occur is that the Gibbs energy of the product phase is smaller than
that of the parent phase for the same composition. The critical limit for such a transformation
is the allotropic phase boundary, which is often denoted by T0, which is the condition where two
phases have the same Gibbs free energy value if they had the same composition.
The construction of the T0-line in a binary phase diagram based on the applicable Gibbs free
energy curves is shown in Fig. 3.9. The T0-temperature is a function of composition and lies between
the liquidus and solidus. For a massive transformation to occur, the interfacial temperature has to
be below the T0-line, whereby the extent of undercooling (T below T0) needed for this transformation
depends on the transformation-opposing deformation and interface energy contributions associated
with the transformation [65]. The rate of such massive transformations is determined by the processes
at the transformation interfaces, i.e. the reconstruction of atomic order from one lattice to another.
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Figure 3.9: Construction of the T0-line in a phase diagram based on the according Gibbs free energy dia-
gram [63].
Mullins and Sekerka [67] predicted another mechanism for composition invariant (i.e. massive)
growth, which has been shown experimentally for the first time by Jacot et al. [68] using directional
transformation of a Fe-17.5 at.-% Co alloy. Here, massive transformation can be obtained above
the so-called absolute stability criterion. The best way to represent the complex interface behavior
during solidification is through the steady-state interface response (IR), i.e. the interface temper-
ature as a function of growth rate for a fixed thermal gradient. This model allows calculation of
the solidification front temperature as a function of the interface velocity for different growth mor-
phologies. The application of this concept to experimental investigations as well as a comprehensive
discussion can be found in Refs. [68–70]. Fig. 3.10 shows a schematic representation of the IR for
the liquid-solid transformation [69]. The phase diagram to the left of Fig. 3.10a gives the reference
temperatures, liquidus, and solidus for the construction of the IR.
At a low velocity and steady-state, the liquid/solid interface is stable to perturbations if the
thermal gradient is larger than the liquidus-temperature gradient at the interface, i.e. it grows
with planar morphology at the solidus temperature TS . The lower plane-front limit is given by the
constitutional supercooling criterion [71]:
vcs =
G ·D
∆T0
(3.17)
where G is the temperature gradient at the interface, D is the solute diffusion coefficient in liquid
and ∆T0 is the equilibrium liquidus-solidus temperature interval. Beyond the limit of constitutional
supercooling the interface becomes cellular or dendritic, and the interface temperature rises with
v according to Ti = TL − G · D/v [72,73]. At high velocities, a cellular microstructure is again
stabilized, and the microstructure becomes finer as the velocity increases. When the velocity
reaches the critical limit vab, diffusion becomes localized and capillary phenomena dominate so
that plane-front growth reappears. This phenomenon is called absolute stability [67] and can be
expressed as:
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vab =
D ·∆T0
k · Γ
(3.18)
where k is the distribution coefficient, and Γ is the Gibbs Thomson coefficient. Once plane-front
growth is again stable, the composition of the solid is C0 (i.e. composition invariant or massive
growth), and the composition of the liquid at the transformation front depends on the growth
velocity. In rapid solidification in the order of meters per second, local equilibrium is lost and,
owing to solute trapping, the solidus rises and approaches T0. Finally, the atom attachment effect
takes over at very high velocities and makes the interface temperature drop.
In the steady-state, plane-front growth produces a composition-invariant crystal wit ha narrow
concentration spike at the transformation interface. A massive transformation product may there-
fore form with no or partial solute trapping. In this case, the non-equilibrium solidus and not T0
is the relevant reference temperature [68].
Figure 3.10: Schematic illustration of a) the interface temperature-velocity function, b) the solute spikes,
and c) the corresponding interface morphologies. [69].
30 Thesis Stefan Griesser
4 High-Temperature Laser-Scanning Confocal
Microscopy
Nature composes some of her loveliest po-
ems for the microscope and the telescope. a
Theodore Roszak
aWhere the Wasteland Ends, Doubleday & Company,
New York (1972).
Within the past few decades a wide range of experimental techniques has been developed for
the study of solidification phenomena and solid-state transformations of metals to improve the fun-
damental understanding of the underlying processes. For a long time experimental investigations
of solidification kinetics and morphologies have been very difficult due to experimental difficulties
at elevated temperatures. Experimental techniques for the investigation of the peritectic phase
transition include differential thermal analysis and differential scanning calorimetry (DTA/DSC),
dilatometry, thermal analysis and quenching experiments. However, these techniques are not sen-
sitive enough to differentiate between the peritectic reaction and transformation and can therefore
not yield the rate of the transformation interfaces. To remedy this situation, experimental tech-
niques have been developed specifically to study aspects of solidification morphology, which include
transmission X-ray observation, the Bridgman furnace and high-temperature laser-scanning confo-
cal microscopy (HTLSCM). In contrast to ex-situ experiments, these techniques provide not only
the ability to capture the solidification progress in real time and at high resolution but also to
observe and measure the morphology and kinetics of phase transformations during solidification.
Conventional laser-scanning confocal microscopy (LSCM) was patented by Minski [74] in 1961
and since then this technique has found widespread application in biological sciences. However,
it was not until the 1990’s when Emi and co-workers [39,75–80] combined LSCM with an infrared
image furnace (IIF) for the in-situ study of fine microstructural development at elevated temper-
ature that the interest in high temperature microscopy of metals has been renewed. Experimental
studies conducted with this technique include the solidification morphology and analysis of the
δ-ferrite to γ-austenite interfaces in low carbon steels [17,75], inclusion agglomeration [77,78], inclusion
engulfment [79,80], the crystallization of slags [81] and dissolution of alumina inclusions in slag [82].
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Arai [41], together with Emi and Shibata, was the first to observe and determine the characteristics
and the rates of the peritectic reaction and peritectic transformation in Fe-4.83 and 5.01 at.-% Ni
alloys. They described a LSCM combined with an IIF, which enabled an in-situ observation of
the lateral growth of γ-austenite during unidirectional solidification of Fe-C and Fe-Ni alloys in a
rectangular crucible. This was followed by McDonald and Sridhar [83] who investigated the peritectic
reaction rate of a hypo-peritectic Fe-4.2 wt.-% Ni alloy and a hyper-peritectic 4.7 wt.-% Ni alloy
in more detail, by means of a similar LSCM combined with an IIF but using a cylindrical crucible.
An advanced experimental technique for HTLSCM has been developed by Reid et al. [84] to improve
the in-situ observations of solidification and high temperature phase transformations, which will
be described later in this chapter.
4.1 Principles of HTLSCM
In confocal microscopy, laser light is focused by an objective lens on to the surface of the specimen
and the reflected beam is focused onto a photo detector via a beam splitter, as shown in Fig. 4.1. In
contrast to conventional light microscopy, a confocal microscope uses point-by-point illumination
and a confocal pinhole in an optically conjugate plane in front of the detector, allowing only light
incident from the focal plane to pass through to the photo detector, whereas the out-of-focus
signal is blocked by the pinhole. Hence, an extremely thin optical section is created, providing a
high-resolution image, as it is schematically illustrated in Fig. 4.2. Because thermal radiation is
also blocked by the confocal pinhole, only the polarized reflection of the high intensity laser beam
reaches the imaging sensor and a sharp image is produced. In order to generate enough photons
per observation point on the specimen to pass through the pinhole, a high intensity laser beam is
used as a light source instead of a common light bulb.
Figure 4.1: Schematic representation of the confocal microscope (modified from Ref. [74]).
As only one point of the sample is illuminated at a time, an image is built up by scanning over
a regular raster (i.e. a rectangular pattern of parallel scanning lines) of the specimen, which is
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then stored in an imaging system for subsequent display. In the present study, purposely developed
image processing software [85] has been applied to the analysis of these recordings.
Figure 4.2: Comparison between confocal (left) and conventional microscopy (right), with Z being the dis-
tance from the objective lens [86].
The system used for the experimental investigations conducted in the present study consists of
a LSCM supplied by Lasertec Corp. and an IIF with a quartz view port, as shown in Fig. 4.3.
Magnifications up to 1350× at a resolution of 0.25 µm can be obtained, using a He-Ne laser with a
wavelength of 632.8 nm and a beam diameter of 0.5 µm. The beam is reflected and scanned by an
acoustic optical deflector in the horizontal direction at a rate of 15.7 kHz and by a galvanomirror
in the vertical direction at 60 Hz. Specimens are placed at the upper focal point of a gold plated
ellipsoidal cavity in the infrared furnace beneath a quartz view port. Specimen holders consist
of 5 or 10 mm diameter round holders or a 12×4×3 mm rectangular holder, constructed from a
polymeric end-piece, an alumina 2-bore tube with an outer silica support tube and a platinum
holder welded to a B-type thermocouple wire.
Figure 4.3: Schematic representation of an infrared furnace [87].
A 1.5 kW-halogen lamp located at the bottom focal point in the cavity heats the specimen by
radiation. The power input to the halogen lamp is controlled by an OMRON ES100P digital PID
controller, which in turn was connected to the thermocouple at the crucible holder for a feedback
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signal. A quartz plate separates the specimen and lamp chambers so that the atmosphere in
the specimen chamber can be controlled independently from the air-cooled lamp chamber. The
atmosphere in the specimen chamber can be set as neutral, oxidizing or reducing. The temperature
measured by thermocouples incorporated in the crucible holder is displayed on a monitor and
simultaneously recorded with the image on DVD at a rate of 30 frames per second. Since the
temperature measurement is a crucial factor for the analysis of the conducted experiments, a
detailed explanation on the methodology of temperature calibration will be given later in this
chapter.
4.2 Sample Geometry Benchmark
In the system used, three different experimental arrangements and sample geometries can be em-
ployed, as shown in Fig. 4.4. A 12×4×3 mm rectangular crucible can be utilized to perform
investigations comparable to directional solidification experiments, however, with some limitations
in the regulation of the temperature gradient. This design incorporates three thermocouples to
measure the temperature distribution along the length of the specimen holder. A more detailed
description of this geometry can be found in Ref. [88]. A cylindrical crucible with 5 mm diameter
and 3 mm height has been developed by the manufacturer and is the most common geometry used
for HTLSCM studies. The advantage of this geometry is that a small radial temperature gradient
can be established resulting in a more uniform temperature distribution throughout the specimen.
The third geometry is designed for the so-called concentric solidification technique developed by
Reid et al. [84], which will be described in more detail in the next section.
Figure 4.4: Crucible geometries for a rectangular (left), cylindrical (middle) and concentric (right) sample
geometry.
In order to determine the most suitable sample geometry for the study of the peritectic phase
transition, a benchmark between the three geometries has been carried out using a Fe-0.43C alloy.
For every geometry the specimen was heated to a temperature above the peritectic temperature and
subsequently solidified with an applied cooling rate of 5 K/min. Fig. 4.5 shows a snapshot of the
peritectic reaction observed in the rectangular (Fig. 4.5a) and the cylindrical (Fig. 4.5b) geometry.
In both cases the solid/liquid interface is out of focus due to a strong meniscus formation of the liquid
melt, prohibiting the direct observation of the triple point liquid/γ-austenite/δ-ferrite. Although
the shallow depth of focus in the confocal system is one of its unique features, it can also be the
Achilles heel of the technique. The limitation of the focal depth is of special importance when
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studying molten metal pools, which usually form a pronounced meniscus due to the high surface
tensions typical for these systems. Another drawback of these geometries is the three-dimensional
temperature distribution in the specimen, making it difficult to describe the actual temperature at
the liquid/solid interface.
Figure 4.5: Peritectic Reaction in a Fe-0.43C alloy for a rectangular (left) and cylindrical (right) sample
geometry. The formation of a strong meniscus of the liquid pool leads to a poor image of the
peritectic reaction.
The same experiment has been performed using the concentric sample geometry; a snapshot
is presented in Fig. 4.6. Here, the progression of the γ-austenite phase along the liquid/δ-ferrite
interface is in sharp focus and good contrast across the whole field of view. The solid-liquid interface
does not show any perturbations indicating a good control of the temperature distribution and
solidification conditions.
Figure 4.6: Clearly observable peritectic reaction in a Fe-0.43C alloy during concentric solidification.
Therefore, the concentric sample geometry was chosen for the study of the peritectic phase
transition, which will be described in more detail in the following section.
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4.3 Concentric Solidification Technique
An advanced experimental technique for HTLSCM has been developed by Reid et al. [84], which
has been utilized for the experiments carried out in this study. It is described as the formation of
a centralized pool of liquid metal contained by a rim of solid of the same material under a radial
thermal gradient. A specimen of 9.8 mm diameter and about 250 µm thickness is placed in an
alumina crucible, which in turn is held in a platinum holder, see Fig. 4.7. A B-type thermocouple
is guided through a 2-bore alumina holding rod and spot-welded on the outer edge of the holder.
Similar to other sample geometries, the specimen is positioned at the top focal point of the furnace
with the heat source being at the bottom focal point of the furnace.
Figure 4.7: Experimental arrangement of the concentric solidification technique.
The ability to establish a centralized melt pool depends upon the existence of a radial thermal
gradient across the specimen (see Fig. 4.7), whereby the thickness of the sample plays a pivotal
role in successfully creating a stable and sustainable liquid pool. It has been established for Fe-C
alloys that the maximum sample thickness needs to be < 250 µm in order to generate a thermal
distribution within the specimen beneficial for the formation of a stable liquid pool [84]. A beneficial
consequence of using a thin sample is that the through-thickness thermal gradient approaches zero,
leading to the formation of a vertical solid/liquid interface as shown in Fig. 4.8.
Figure 4.8: Cross-section of a solidified specimen where carbon segregation has lead to various microstruc-
tural phases along the radial solidification direction in a Fe-0.17C alloy [84].
The significance of this is that observations made of the free surface can be more confidently
attributed to events occurring in the bulk as the direction of growth will be primarily in the plane
of the specimen. Experimental investigations using cross- as well as planar sectioning of solidified
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specimen confirm these assumptions. In thick specimens the thermal gradient through the sample
thickness is potentially leading to a disturbed liquid/solid interface and uncertainty of the precise
direction of growth [84]. A detailed discussion about the general interpretation of observations made
in HTLSCM can be found in Ref. [88]. Another benefit of the vertical solid/liquid interface in
conjunction with the concentric geometry of the phases is that an accurate measurement of the
phase fractions of liquid and solid can be carried out throughout the experiment. For a known
sample radius RS and liquid pool radius RP , the fraction of liquid and solid can be calculated as
fL = (R
2
P · π)/(R2S · π) (4.1)
fS = 1− fL (4.2)
In the conventional HTLSCM technique the presence of a meniscus makes it difficult to resolve
the interface between solid and liquid phases, particularly in the early stages of solidification where
growth, in a fully molten sample, generally proceeds from the crucible wall up the side of the
meniscus. In the concentric configuration the liquid phase is in contact with a solid rim of the
same material, the alumina crucible and the gas atmosphere. The resultant surface tension energy
balance, in the alloys studied, between these interfaces leads to a significant reduction in the liquid
meniscus, resulting in a larger area that is in sharp focus across the solid/liquid interface without
the need of a constant refocusing. [84]
4.3.1 Focal Point Diameter
The diameter of the focused radiation beam hitting the surface of the specimen plays an important
role in the temperature distribution and resulting temperature gradient across the specimen. A
large focal point diameter results in a more uniform temperature distribution and smaller radial
temperature gradient, whereas a small focal point diameter generates a hotspot localized in the
centre of the specimen leading to a steeper radial temperature gradient. In order to measure
the size of the focal point of the system used, a disk of thermographic paper with a diameter of
9.8 mm was placed in the crucible instead of a metallic specimen and the furnace was switched
on for a few seconds. The paper consists of a plain paper coated with a material that changes
color during heating. Therefore, the paper should turn dark in the center and less dark with
an increasing distance from the focal point. After measuring the color intensity along the paper
diameter, a plateau in the center of the paper with a diameter of approximately 2 mm has been
found indicating a focal point radius of 1 mm, as it is shown in Fig. 4.9.
Additionally, solidification experiments using a Fe-0.0036C alloy have been carried out for two
different cooling rates and initial pool sizes in order to investigate the influence of the focal point
diameter on the progression of the solid/liquid interface. This alloy composition has been chosen
since the interface velocity during solidification can be assumed to be linear due to the very small
amount of diffusing solute elements. The experimentally measured progression of the liquid/δ-ferrite
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Figure 4.9: Focal point diameter measured on thermographic paper.
interface during solidification is shown in Fig. 4.10. In both experiments solidification occurred at
a constant rate until a liquid pool radius of about 1 mm is reached, after which the solidification
rate began to decrease. From this radius on the solid/liquid interface is directly heated by the
focal beam resulting in a lower effective cooling rate at this interface. This result is in very good
agreement with the previous measurement of the focal point diameter using thermographic paper.
Figure 4.10: Solidification of a Fe-0.0036C alloy at two different cooling rates. Note that the liquid/solid
interface velocity decreases for a liquid pool radius smaller than 1 mm (focal point radius).
For the sake of controllability and in order to ensure reproducible analyses of the experiments,
only those experiments have been considered for a further analysis in which the peritectic phase
transition occurred at a liquid pool radius larger than 1 mm. Therefore, the thermal conditions at
the liquid/solid interface were not directly influenced by the focal beam. A more comprehensive
explanation about this phenomenon will be given in the following section.
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4.3.2 Temperature Measurement
In any solidification study it is vitally important to know the exact temperature distribution across
the specimen, especially at the advancing liquid/solid interface. Although HTLSCM in combina-
tion with the concentric solidification technique seems to be eminently capable of being used to
study solidification phenomena, such studies have a limitation by the design of the system currently
available. For example, it is not possible to vary the absolute temperature of the specimen and the
temperature gradient independently. Therefore it is not possible to apply linear external tempera-
ture gradients to the specimen. However, for the study of the peritectic phase transition it is more
important to know the local temperature at the liquid/δ-ferrite interface than the radial tempera-
ture distribution, since this is the region where nucleation and growth of γ-austenite occurs during
the peritectic reaction. Due to the current design of the technique, the only temperatures measured
in the assembly are those of the crucible holder and not the specimen in itself. For these reasons,
several attempts have been made to measure and control the temperature at the liquid/δ-ferrite
interface in the specimen, which will be described in the following section.
For a first estimation of the temperature difference between the center of the specimen and the
temperature measured at the thermocouple near the edge of the specimen (see Fig. 4.7), different
alloy compositions have been heated up to their melting point and the temperature difference be-
tween the theoretical liquidus temperature and the temperature measured at the thermocouple was
recorded. The average temperature difference has been found to be 78.9 ± 4.5 K, see Fig. 4.11a.
Note that this value is only valid for a completely solid specimen, and is decreasing with an in-
creasing amount of liquid phase due to the different heat capacities of liquid and solid steel. In
Fig. 4.11b the corrected liquidus temperatures of the alloys are plotted in the Fe-C phase diagram.
Figure 4.11: Temperature difference between the equilibrium and measured liquidus temperature during heat-
ing for different alloy compositions (a) and the corrected liquidus temperatures shown on the
Fe-C phase diagram (b).
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As previously mentioned, the temperature distribution throughout the specimen is a result of
the thermal conductivity of the specimen and strongly depended on the phase fractions of solid
and liquid. The temperature gradient in the liquid pool is relatively flat due to convection and the
high thermal conductivity of the liquid melt, whereas the temperature gradient in the solid is much
steeper due to the lower thermal conductivity and heat capacity of the solid, see Fig. 4.12.
Figure 4.12: Schematic presentation of the temperature gradient as a function of the fraction of solid.
In order to assess the temperature at the solid/liquid interface in the specimen, the phase fractions
of solid and liquid can be used to calculate the temperature at the interface by applying the Lever-
rule to the applicable phase diagram. It is important to note that this technique is only valid for
equilibrium conditions and requires the knowledge of the correct phase diagram. In the case of
the well-known Fe-C system, which is the main focus in this study, these assumptions are thought
to be justified. Also, it is assumed that for large liquid pool sizes the influence of the radial
temperature gradient in the solid on the temperature driven diffusion and therefore adaption of
the phase fractions to this gradient is negligible (see Fig. 4.12a). Therefore it is assumed that the
phase fractions measured at large liquid pool sizes (i.e. during the homogenization period prior to
solidification) are close to equilibrium and can be compared to the phase diagram. The cooling rates
for the experiments conducted in the present study were chosen to be in the range of 2 to 10 K/min
in order to ensure a planar solidification front for an accurate determination of the phase fraction
during solidification. Possible inaccuracies of this technique can arise from errors in the radius
measurement of the liquid pool or the application of this technique to non-equilibrium conditions
(i.e. non-equilibrium phase fractions). In Fig. 4.13 the resulting temperature misfit is illustrated as
a function of an inaccurate radius measurement of the liquid pool for a Fe-0.18C alloy. Depending
on the liquid pool size, an error in the radius measurement of 50 µm results in an inaccuracy of
the estimated temperature of 0.5 K. However, the accuracy of the radius measurement is increasing
with a decreasing size of the liquid pool since a higher percentage of the liquid/solid interface is in
the field of view. Also, due to the concentric geometry of the specimen, the resulting change in solid
fraction as a result of an error in the radius measurement of a small liquid pool is much smaller
compared to large pool sizes. On the other hand, the influence of the radial thermal gradient for
small pool sizes might not be negligible and results in an inaccuracy of the determined temperature.
In order to determine the temperature at the liquid/solid interface over time during solidification,
the same procedure can be applied, with the only difference being that the Lever-rule cannot be
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Figure 4.13: Resulting temperature misfit due to imprecise radius measurements for a pool size of 3500 µm
in a Fe-0.18C alloy.
applied to non-equilibrium conditions and small pool radii. Fig. 4.14 shows a schematic of the
interfacial temperature during solidification as a function of time determined by using the Lever-
rule (full line). During initial solidification the interaction between the solute rejection due to
partitioning and the solute diffusion in the solid and liquid is such that the conditions are close
to equilibrium. The width of the solid rim is small enough to enable sufficient back-diffusion of
carbon, so that an accurate measurement of the phase fractions can be achieved. The higher the
fraction of solid the more time is required for back-diffusion and the system shifts more towards
non-equilibrium, which leads to the formation of a solute concentration gradient in the solid and
enrichment in the liquid phase. The enriched liquid has a lower solidus temperature which in turn
leads to a larger liquid pool size compared to equilibrium conditions. This situation is schematically
illustrated on the right of Fig. 4.14.
Figure 4.14: Construction of the interfacial temperature vs. time curve for the concentric solidification
experiment.
The application of the Lever-rule to non-equilibrium conditions therefore leads to a higher cal-
culated temperature compared to the real temperature at the interface. The transition from close
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to equilibrium to non-equilibrium conditions can be detected by the localization of the turning
point in the temperature versus time plot, i.e. the turnover from a positive to a negative curvature
of the curve. In order to establish the real interface temperature throughout the duration of the
experiment, the temperature trend from the initial solidification is extended, represented as the
dashed line in the temperature-time plot in Fig. 4.14). In the present study, this methodology has
been applied to determine the liquid/solid interfacial temperature during solidification of all the
alloys investigated.
In Fig. 4.15 the interfacial temperature during solidification of a Fe-0.18C alloy with an applied
cooling rate of 2 K/min is plotted until the peritectic phase transition occurred. The calibrated real
interface temperature (dashed line) at the moment the peritectic phase transition occurs is in good
agreement with the equilibrium peritectic temperature given by the Fe-C phase diagram. Also, the
predicted undercooling of 1.3 K below the equilibrium peritectic temperature is in good agreement
with the observed kinetics of the peritectic reaction and transformation. A more comprehensive
explanation of the relationship between undercooling and transformation kinetics will be given
in Chapter 5. The peritectic phase transition turned out to be a suitable benchmark for the
temperature measurement using the technique described above.
Figure 4.15: Liquid/δ-ferrite interfacial temperature according to the lever-rule (full line) and the calibrated
temperature (dashed line) for a Fe-0.18C alloy solidified with an applied cooling rate of 2
K/min.
Fig. 4.16 shows the interfacial temperature as well as the effective cooling rate at the interface as
a function of the liquid pool radius for a Fe-0.05C alloy solidified at a cooling rate of 2 K/min, using
the technique described above. Note that the effective cooling rate at the liquid/δ-ferrite interface
differs from the applied cooling rate of 2 K/min at the thermocouple, depending on the size of the
liquid pool. The higher the fraction of solid, the more heat has to be transferred from the heat
source in the center of the specimen through the solid rim in order to provide the applied cooling
rate at the thermocouple near the edge of the specimen. As a result, the effective cooling rate
at the liquid/δ-ferrite interface increases during solidification until the focal point radius (1 mm)
is reached. When the liquid pool radius shrinks to below the focal point radius, the liquid/solid
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interface is heated directly by the focal beam and hence the effective cooling rate at this interface
decreases. For an applied cooling rate of 2 K/min at the thermocouple, the effective cooling rate
at the liquid/δ-ferrite interface varies between 1.4 and 3 K/min. An applied cooling rate of 10
K/min resulted in an effective cooling rate of 7±1.5 K/min. However, as the interface velocity
depends on the shape of the phase diagram (slopes of the liquidus and solidus lines) and therefore
on the alloy composition, slightly different effective cooling rates will be realized for different alloy
compositions. In order to overcome this problem and as a recommendation for future designs, the
thermocouple should be located in the center of the sample holder coaxial with the focal beam rather
than on the edge of the holder. Consequently the temperature of the liquid pool (with a constant
temperature difference due to the sample holder) would be measured without the interference of
the solid fraction, and a more constant effective cooling rate would be achieved.
Figure 4.16: Liquid/δ-ferrite interface temperature and effective cooling rate as a function of the liquid pool
radius during solidification of a Fe-0.05C alloy with an applied cooling rate of 2 K/min.
For a further validation of these measurements, the progression of the liquid/δ-ferrite interface
has been calculated using the commercial software package DICTRA [89] and compared to the
experimental results. By applying the established effective cooling rate in the simulation, very
good agreement between the experimentally measured and calculated interface progression has
been found (see Fig. 4.17). A repetition of the methodology on equally repeated experiments to
prove the reproducibility of this technique has also shown to be in good agreement. A more detailed
description on the computational modeling of the experiment will be given in Section 4.3.4.
For further calibration purposes, the difference between the actual temperature at the interface
(calibrated) and the temperature measured at the thermocouple is plotted in Fig. 4.18 as a function
of the liquid pool radius. As the experiment has been started with an initial liquid pool size of 3000
µm, the curve has been extrapolated to the edge of the sample (dashed line). The temperature
difference between the thermocouple and the edge of the specimen is approximately 30 K, which
is increasing to approximately 80 K between the thermocouple and the edge of the focal point
(center of the specimen). This is in good agreement with the temperature difference measured at
the melting point of the alloys during heating (Fig. 4.11). The radial temperature gradient in the
Thesis Stefan Griesser 43
4 High-Temperature Laser-Scanning Confocal Microscopy
Figure 4.17: Comparison of the measured and calculated progression of the liquid/δ-ferrite interface. The
simulations were conducted using the prior determined temperature profile.
solid across the specimen is therefore in the range of about 50 K, whereby it is important to note
that this gradient is non-linear. The temperature difference inside the focal point is increasing since
the effective cooling rate at the interface in this region is much lower than the applied cooling rate
at the thermocouple.
Figure 4.18: Difference between the calibrated interface temperature and the measured temperature at the
thermocouple as a function of the liquid pool radius.
Another attempt to measure the thermal gradient across the specimen has been made by Phe-
lan et al. [23] by using pure iron powder. Particles of pure iron (>99.99% Fe) were distributed
across an empty alumina crucible and the temperature increased until the first particles melted.
The position and temperature where this occurred was recorded and the temperature then further
increased in steps of 5 K while recording the spatial position of the subsequent melting of the pure
iron particles. The temperature difference between the center and the edge of the sample was found
to be approximately 100 K, but there are evident limitations to apply this technique to estimate
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the thermal gradient in a metallic specimen. Most importantly the thermal conductivity of the
specimen is not taken into account which is expected to play a significant role in the establishment
of a temperature gradient across the specimen. The argon atmosphere surrounding the individual
localized iron particles acts as an insulator with a thermal conductivity about 70% less than air and
nearly 3000% less than steel [90]. The description of the thermal conditions using the methodology
presented in this study is therefore a significant improvement since the measurements are carried
out using a common metallic specimen. The comparison of the calibrated temperature using the
different methodologies as well as the peritectic phase transition has been shown to be in very good
agreement and hence, the temperature determined via the calibration technique described above
can be used with confidence and has therefore been used in the subsequent analysis.
4.3.3 Reproducibility Measurements
In order to ensure the reproducibility of the experiments, different specimens of a Fe-0.18C alloy
have been solidified with applied cooling rates of 2 and 10 K/min, starting from the same initial
liquid pool radius in each experiment. The progression of the liquid/δ-ferrite interface over time
for both cooling rates is shown in Fig. 4.19. The curves are plotted until the peritectic phase
transition occurred. The repetition of the experiments shows a high accuracy and similarity of the
measured solidification progress, indicating reproducible thermal and diffusional conditions. The
small deviations at the end of the experiments are believed to result from a different number of
δ-ferrite grain boundaries in the particular specimen, which have a higher diffusivity for carbon and
therefore slightly affect the progression of the liquid/δ-ferrite interface. However, this difference is
insignificant.
Figure 4.19: Reproducibility test for a Fe-0.18C alloy repeatedly solidified with two different applied cooling
rates.
Also, the morphology and kinetics of the observed peritectic phase transition as well as the
measured undercooling below the equilibrium peritectic temperature are shown to be reproducible.
Fig. 4.20 shows two examples of the morphology of the peritectic transformation in a Fe-0.18C
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alloy which had been repeatedly solidified with an applied cooling rate of 10 K/min from the same
initial liquid pool radius.
Figure 4.20: Morphology of the peritectic transformation in a Fe-0.18C alloy repeatedly solidified under the
same conditions.
A detailed discussion of the observed morphology will be given in Chapter 5.
4.3.4 Computational Modelling
The use of computational models as a tool to validate solidification experiments has become a useful
instrument for the description and understanding of solidification processes. For this purpose, the
commercial software package DICTRA [89] has been applied to model the concentric solidification
experiment. DICTRA is designed to model diffusion controlled transformations in multicomponent
alloys by numerically solving the multicomponent diffusion equations:
Jk = −
n−1∑
i=1
Dnki ·
∂ci
∂z
(4.3)
where J is the resulting solute flux, D the temperature and concentration dependent diffusivity
matrix and ∂c/∂z the concentration gradient. The moving phase interfaces are calculated via a
flux balance under the assumption of local equilibrium at the moving phase interface:
vα
V αm
· [xαk − x
β
k ] = J
α
k − J
β
k (4.4)
where vα denotes the interface migration rate, V αm is the molar volume of the α phase, x
α
k and
xβk are the contents of component k in α and β close to the phase interface and J
α
k and J
β
k are
the corresponding diffusional fluxes. In DICTRA, diffusion is treated in terms of mobilities and
true thermodynamic driving forces, i.e. chemical potential gradients. The thermodynamic data
is calculated using Thermo-Calc Software TCFe6 steels/felloys database version 6 [91] and MOB2
alloys mobility database [92], which runs as a subroutine in DICTRA. In order to consider the
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axisymmetric geometry of the experiment, the simulations were carried out using a cylindrical
simulation domain and coordinate system.
The input variables for the simulations are the geometry of the system, the active and inactive
phases, the phase compositions, the temperature profile (i.e. cooling rate) and the simulation
duration. The mobility and thermodynamic data necessary for the calculations are stored in the
above mentioned databases. The density of the liquid is assumed to be equal to the density of the
solid and the thickness of the liquid pool is set equal to the thickness of the solid rim.
Figure 4.21: Input geometry and concentrations for the DICTRA simulation.
Fig. 4.21 shows the initial setup for the simulations, similar to the conditions prior to solidification
in the experiment. The initial liquid pool radius RP and the radius of the specimen RS were
accurately measured in the experiment and adopted to the simulation. Based on the measured phase
fractions of solid and liquid in the experiment, the initial phase concentrations were calculated using
the according phase diagram and assigned to the phases in the simulation. The temperature profile
(i.e. effective cooling rate) was determined using the methodology described in Section 4.3.4 and
applied to the simulation whereby isothermal conditions have been assumed for the whole domain.
This is not expected to result in large errors, since the temperature driven solute diffusion due to
the thermal gradients in the solid (small for large liquid pool sizes) is assumed to be negligible. The
results of the simulations are in very good agreement with the experimental observations in terms
of liquid/δ-ferrite interface progression, as it will be described in the following section. However,
major differences have been found in the kinetics of the peritectic phase transition since DICTRA
does not include undercoolings below the equilibrium peritectic temperature, which will be topic
of discussion in the later chapters.
4.3.5 Analysis of Microsegregation
The analysis of microsegregation during solidification is vitally important for the understanding and
control of any conventional casting process and microstructure formation. The standard approach
consist of a variety of mathematical models and quenching experiments, but does not include in-
situ measurements during real solidification due to obvious experimental difficulties. Therefore,
an attempt has been made to quantify the extent of microsegregation in-situ during solidification
experiments utilizing HTLSCM in combination with the concentric solidification technique. By
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accurately measuring the phase fractions and interface temperatures during solidification, a simple
mass balance can be used for binary alloys in order to calculate the average compositions in each
phase. By comparing these measurements with the equilibrium values, the extent of microsegrega-
tion can be quantified. Fig. 4.22 shows a microsegregation plot of a Fe-0.18C alloy solidified at an
applied cooling rate of 10 K/min. The upper and lower boundaries during solidification are given
by full equilibrium (lever rule) and conditions where no back-diffusion is allowed (Scheil model),
respectively. During initial solidification the interaction between the solute rejection due to par-
titioning and the solute diffusion in the solid and liquid is such that the conditions are close to
equilibrium. The higher the fraction of solid the more time is required for back-diffusion and the
system begins to shift more towards non-equilibrium. During further solidification the liquid phase
is increasingly enriched in carbon, leading to the formation of a constantly increasing concentration
gradient in the solid. In Fig. 4.22, when the peritectic temperature is reached, the experimental
curve lies closer to the Scheil boundary than to the equilibrium boundary, indicating insufficient
back-diffusion of carbon into the solid.
Figure 4.22: Microsegregation plot (left) and the according phase diagram (right) for a Fe-0.18C alloy
solidified at an applied cooling rate of 10 K/min.
In order to quantify the emerging concentration gradients during solidification, the experiments
have been simulated using DICTRA software [89]. Fig. 4.23a shows the measured as well as the
calculated progression of the liquid/δ-ferrite interface over time for a Fe-0.18C alloy solidified at an
applied cooling rate of 2 K/min. The root cause for any interface progression has been explained
in detail in Section 3.3, but summarizing and pertinent to the present discussion the following
statements can be made. The progression of any interface is driven by a difference in the chemical
potentials of the elements across the interface. For the sake of simplicity, the difference in element
concentration can be used instead of the chemical potentials. The formation of concentration
gradients during solidification leads to a flux of solute across the liquid/solid interface, causing
the progression of the interface. In other words, the interface position is strongly related to the
concentration profile across the specimen. Due to the fact that the result of the simulation is in very
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good agreement with the measured interface progression, the calculated concentration gradients
across the sample are believed to be close to the actual gradients and have therefore been taken
for further analysis in Chapter 5. It is important to point out that the simulations have been
performed without the presence of any grain boundaries, at which a quantitative difference has to
be expected due to the higher diffusivity in these areas.
Figure 4.23: Progression of the δ-ferrite/liquid interface over time (a) and the concentration profiles for
different time steps during solidification (b) for a Fe-0.18C alloy solidified at an applied cooling
rate of 2 K/min.
Fig. 4.23b shows the radial concentration profiles across the specimen for different times during
the simulation. The concentration gradient in the liquid is nearly flat, which can be explained
as follows. The solute rejected from the solid during solidification will accumulate in an enriched
boundary layer ahead of the advancing liquid/solid interface. The width of this boundary layer,
approximately 2DL/v, is much larger than the size of the liquid pool leading to a uniform buildup
of solute in the liquid melt. Additionally, convection in the liquid pool during solidification has
been observed during the experiments leading to higher carbon diffusivity than the default values
in DICTRA. In order to incorporate the presence of liquid flow in the simulation of the concentric
solidification experiment, Aminorroaya et al. [93] investigated the effect of an artificially increased
carbon diffusivity on the interface progression and carbon distribution during solidification. In
their simulations they used mobilities 10, 100 and 1000 times higher than the default mobility but
these mobilities did not lead to significant differences in the carbon distribution in the solid, but
provided a better agreement of the calculated interface progression compared to the experimental
data and provided a more realistic description of the experiment. Therefore, liquid mobilities 1000
times higher than the default mobility were used in the simulations of the present study in order
to take account of the liquid flow during the experiment. The presence of liquid flow in the melt
pool can be demonstrated best with the help of Fig. 4.24, where an inclusion was observed to be
swimming on the surface of the liquid melt.
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Figure 4.24: Movement of the inclusion in the liquid pool due to liquid flow.
Yin and Emi [39] have studied the flow of a steel melt using high-temperature laser-scanning
confocal microscopy and a cylindrical specimen geometry, similar to the investigations of the present
study. They showed that three hydrodynamic mechanisms can participate in driving the overall
flow in a concentric melt pool, as shown in Fig. 4.25. According to the authors, the following
statements can be made. The gradients of temperature and surfactant concentration, that lead to
the surface tension gradient on the free melt surface, can create Marangoni flow. Since the specimen
is small and the surface tension of steel is very sensitive to the concentration changes of oxygen
and sulfur, the solutal Marangoni flow is expected to be strong during solidification, as oxygen and
sulfur will be enriched near the liquid/solid interface. Furthermore, the radial temperature gradient
across the specimen may also cause thermal Marangoni flow. Due to this temperature gradient,
the colder melt near the interface is denser than the hot melt in the center of the liquid pool, and
hence, convective flow must be driven by the gravitational effect. The authors also found, that,
during isothermal holding, only a very slow overall liquid flow may be present.
Figure 4.25: Possible flow patterns that can contribute to the observed overall flow during solidification:
a) thermal Marangoni, b) solutal Marangoni and c) density induced convective flow (modified
from Ref. [39]).
In order to verify the simulation results, the solute segregation profile of a concentrically solidified
Fe-4.2Ni alloy at 5 K/min has been investigated by Aminorroaya et al. [93] and is presented in
Fig. 4.26. Due to the rapid diffusion of carbon close to the melting point of steel it was not possible
to experimentally determine the extent of carbon segregation in samples cooled down to room
temperature. Therefore, DICTRA simulations together with concentric solidification experiments
of a Fe-4.2Ni alloy were performed in which the solute segregation can be reasonably determined
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experimentally. The nickel concentration was probed using a line-scan technique in an EPMA,
done every 10 µm along the diameter of the specimen. The positions of the solid rim and the
peritectic transition are closely matched in the simulation and the actual weight percent of Nickel
is well-predicted by the simulation.
Figure 4.26: Experimentally measured and simulated nickel profile in a concentric solidified Fe-4.2Ni alloy
with an applied cooling rate of 5 K/min [93].
The investigations of the present study, together with Aminorroaya’s [93] experiments and simu-
lations have therefore shown that the DICTRA code can be successfully employed to predict the
solute element segregation in concentrically solidified specimens.
4.4 Atmosphere Control
The initial obstacle to overcome for a successful conduction of solidification experiments is to secure
a neutral atmosphere in the specimen chamber of the furnace in order to avoid oxidation or change
in chemical composition during the experiment. Ultra high purity Argon (composition listed in
Tab. 4.1) was used as a purging gas for the specimen chamber in conjunction with a gas purifier to
reduce trace compounds to levels lower than present in the supplied gas.
Compound Ar O2 N2 H2O
Vol.-% 99.9999 <0.5 ppm <0.5 ppm <0.5 ppm
Table 4.1: Composition of the ultra high purity Argon purging gas.
For a further reduction of the oxygen content in the gas stream, an oxidation furnace was installed
in the gas train between the gas purifier and the furnace. A steel cylinder filled with titanium
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turnings was placed in a horizontal tube furnace and heated up to 800 ◦C, as shown in the Ti-
O phase diagram (Fig. 4.27). Titanium is able to absorb significant quantities of oxygen at this
temperature and hence, act as an effective ’getter’ for oxygen.
Figure 4.27: Section of the binary Ti-O phase diagram [89].
The gas stream was directed through the heated steel cylinder and around the titanium turnings,
which absorbed most of the remaining oxygen, and left the oxidation furnace with a total oxygen
content in the range of 10−15 to 10−18 ppm O2. In order to secure a constant oxygen content in the
gas stream, a Cambridge Sensotec Rapidox 2100 oxygen sensor was installed between the oxidation
furnace and the heating furnace of the microscope. Stainless steel tubing and Swagelok connectors
were employed to connect the whole gas train.
Figure 4.28: Increasing fraction of solid during holding at constant temperature as a result of the loss of
carbon for a Fe-0.1C alloy.
In order to estimate the average carbon loss at high temperatures, a Fe-0.10C alloy was heated
up to a certain temperature in the liquid/δ-ferrite two-phase region to form a stable liquid pool,
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see Fig. 4.28a, followed by an isothermal holding period at this temperature. The loss of carbon
leads to an adaption of the phase fractions (i.e. increasing fraction of δ-ferrite) until a stable liquid
pool size is reached, indicating that the entire carbon content has been oxidized and the specimen
remains as pure iron (Fig. 4.28b). Including the time needed for the formation of the initial liquid
pool to the formation of a stable pool size (i.e. pure iron), the average carbon loss was calculated
to be 9.5×10−4 wt.-% C per minute for an oxygen content in the gas stream of 1.5×10−15 ppm
O2. The average duration of a solidification experiment with an applied cooling rate of 10 K/min
is about 10 minutes, therefore the loss of carbon is < 0.0095 wt.-% C during the experiment. Since
most of the experiments have been conducted in an atmosphere with less than 1.5×10−15 ppm O2
the actual loss of carbon is estimated to be even smaller.
4.5 Detailed Experimental Procedures
A typical example for a temperature-, concentration- and power-input profile for a concentric
solidification experiment is presented in Fig. 4.29.
Figure 4.29: Typical temperature-, concentration- and power-input for a concentric solidification experi-
ment.
At the beginning of the experimental procedure, a neutral atmosphere in the furnace chamber
has to be established. For gas flushing, a Pfeiffer MVP 015-4 vacuum pump was used to obtain a
vacuum in the furnace chamber of 1.2 mbar. Experimental experience has shown that obtaining
a vacuum of this order seven times in succession, with intermediate purging of purified ultra high
purity argon, leads to a final partial pressure of about 10−15 to 10−18 ppm O2. To further ensure
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that trace amounts of moisture or hydrocarbons associated with the handling of samples prior to
placement in the infrared heating furnace are removed, the specimen is pre-heated to 150 ◦C for
several minutes. In the next step the specimen is heated at a heating rate of 100 K/min to a
temperature of about 10 K below the melting point of the alloy. To ensure a controlled formation
and growth of the liquid pool in the center of the specimen, a heating rate of 5 K/min is then
applied up to a temperature corresponding to the desired liquid pool radius. At this temperature,
the specimen is held isothermal for several minutes to homogenize the specimen and establish
an equilibrium concentration profile across the specimen for the subsequent cooling step. During
cooling, the solidification interface is tracked using SolTrack software [85] and the peritectic phase
transition is observed and recorded on video. After the peritectic transition occurred, the specimen
is further cooled down to room temperature at a rate of 100 K/min.
After the experiment, the data logging from the oxygen measurement, the temperature at the
thermocouple, the power-input as well as the recorded video file are saved for later analysis, which
will be described in more detail in the following section.
4.6 Video Analysis
In order to analyze the recorded solidification process, purposely developed image processing soft-
ware has been utilized to track the progression of the solidification interface during cooling. A
detailed description of the method can be found in Ref. [85], but a brief summary will be given per-
tinent to the present discussion. The software is designed as a frame-by-frame analysis of a prior
recorded video file in order to not overcharge the workspace especially for files with a long duration.
The basic concept behind the technique is to find the first change in the pixel color intensity along
a user defined tracking path P1P2. Due to the non-uniform illumination on the frames, the position
of the interface is detected as a peak in the gradient intensity profile, which enables the interface
detection independent of illumination changes. A schematic illustration of this procedure is shown
in Fig. 4.30.
Figure 4.30: Interface detection along a user-defined tracking path on a concentric solidification experiment.
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By detecting the position of the solidification interface it is also possible to automatically deter-
mine the liquid pool radius RP , as illustrated in Fig. 4.31. In order to increase the accuracy of
the measurement, a video stabilization algorithm is introduced to eliminate the motion between
individual frames, resulting from the combination of a moveable stage and a static microscope.
Figure 4.31: Liquid/δ-ferrite interface in a concentric solidification experiment and the detected pool radius
RP (black dotted line). The two histograms in the lower left corner show the distribution of
the calculated center coordinates in each frame.
Since the frame rate of the recorded videos is known, the software is designed to calculate interface
velocities for every moment during solidification. The results of this analysis are the interface
position and radius over time and measured temperature, which can be used to calculate the phase
fractions of solid and liquid. Since the migration velocity of the peritectic reaction is often difficult
to measure in the original video file, the functionality of the software has been further extended
by a module to accurately measure the progress of the peritectic reaction along the liquid/δ-ferrite
interface on each frame. Therefore, two subsequent frames are subtracted from each other and the
advancing γ-austenite platelet can be detected by the change of pixel intensities from one frame to
another. This method is illustrated in Fig. 4.32.
Figure 4.32: Detection of the austenite platelet during the peritectic reaction by frame subtraction.
By the use of this software the analysis of the recorded experimental observations can be con-
ducted with increased accuracy, reproducibility and efficiency compared to a manual evaluation.
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Since the measuring device has been constructed by the
observer ... we have to remember that what we observe
is not nature itself but nature exposed to our method
of questioning. a Werner Heisenberg
aPhysics and Philosophy: The Revolution in Modern Sci-
ence, Harper, New York (1958).
The following chapter presents the results of the experimental investigations on the influence of
alloying elements on the peritectic phase transition using high-temperature laser-scanning confo-
cal microscopy. Due to the high controllability of the experimental technique used in this present
study and the very high sensitivity achieved by applying the methodology described in Chap-
ter 4, the investigations could be performed very close to equilibrium conditions as well as under
non-equilibrium conditions. The aim of the experiments close to equilibrium conditions was to
investigate the mechanism of the peritectic reaction and transformation. Because there is some
controversy in the literature about the role of diffusion during the peritectic phase transition, the
experiments were carried out in the iron-carbon as well as the iron-nickel system. Due to the very
different shape of the phase diagrams as well as diffusivity of these elements (interstitial carbon and
substitutional nickel), major differences in the characteristics of the peritectic phase transition are
expected in these systems. The chemical compositions of the alloys investigated are summarized in
Tab. 5.1.
The experiments under non-equilibrium conditions were performed in order to simulate the be-
havior of the peritectic phase transition in commercial casting processes. A systematic investigation
of the influence of cooling rate, alloy composition and solidification conditions has been performed
and benchmarked against each other and against the proposed models from the literature. At this
point it should be noted that in the present study the term ’undercooling’ refers to the temper-
ature difference between the experimentally measured peritectic temperature and the equilibrium
peritectic temperature according to the pertinent phase diagram. A discussion of the experimental
findings will be given after each section.
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Alloy C Si Mn P S Ti Cr Ni V
Fe-0.05C 0.05 <0.005 <0.01 0.002 0.002 <0.003 <0.003 <0.002 <0.003
Fe-0.10C 0.10 0.025 <0.01 0.003 0.006 <0.003 <0.003 0.002 <0.003
Fe-10C-0.48Mn 0.10 0.01 0.48 0.0123 0.0037 0 0.01 0 0
Fe-0.12C 0.12 0.0016 0.025 0.02 0.0023 0.0006 0.0114 0.0037 0.0005
Fe-0.13C-0.5Si 0.13 0.5 - - - - - - -
Fe-0.18C 0.18 <0.005 <0.01 0.002 0.002 <0.003 <0.003 <0.002 <0.003
Fe-0.43C 0.43 <0.005 <0.01 0.002 0.002 <0.003 <0.003 <0.002 <0.003
Fe-4.2Ni - - - - - - - 4.2 -
LA-Steel 0.05 0.011 0.798 0.009 0.005 0.001 0.024 0.019 0.126
Table 5.1: Chemical composition of the alloys investigated (wt.-%).
5.1 Investigations Close to Equilibrium Conditions
The initial setup for the experimental investigations close to equilibrium conditions is schematically
illustrated in Fig. 5.1. The specimen is heated to a temperature T within the two-phase region
L+δ, in order to form a liquid melt pool with a radius R(T ). By doing so the initial fraction of solid
fS(T ) before cooling is slightly less than the equilibrium fraction of solid fS(TP ) at the peritectic
temperature TP , which corresponds to the pool radius RE(TP ). The accuracy of the technique
allows the establishment of a pool radius R which is only about 100 µm larger than the equilibrium
peritectic pool radius RE . Therefore, the established interface temperature is only about 1 to 2 K
above the equilibrium peritectic temperature.
Figure 5.1: Schematic illustration of the initial conditions for experiments close to equilibrium conditions.
After an isothermal holding period at the initial temperature to establish homogeneous conditions
across the specimen, the temperature is then slightly decreased manually using a very low cooling
rate, leading to a slow progression of the liquid/solid interface until the equilibrium peritectic pool
radius RE is reached and the peritectic transition observed. By doing so, very small concentration
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gradients (dC/dx < 5 m−1) and undercoolings (∆TP  1 K) have been established prior to the
peritectic transition and the system remains close to equilibrium conditions.
In the following section a description will be given of the different events observed during the
peritectic phase transition close to equilibrium conditions in the iron-carbon as well as the iron-
nickel system.
5.1.1 Peritectic Reaction
The first event to be observed after the system is cooled to the equilibrium peritectic temperature
is the nucleation and growth of γ-austenite, i.e. the peritectic reaction. Since the system is kept
close to equilibrium conditions at all times during the experiment, the kinetics of the peritectic
reaction are low enough to allow a detailed study of the governing mechanism.
5.1.1.1 Nucleation of γ-austenite
The nucleation of γ-austenite initiates at δ-ferrite grain boundaries in contact with the liquid melt,
as earlier observed by Arai et al. [41] and shown in Fig. 5.2. This nucleation process occurs at the
same nucleation site if the temperature is cycled above and below the peritectic temperature several
times in a row. Multiple nucleation events at different δ-ferrite grain boundaries around the liquid
pool have also been observed. Fig. 5.2 shows the nucleation and growth of the γ-austenite phase
in a Fe-0.18C alloy.
Figure 5.2: Nucleation and growth of γ-austenite at a liquid/δ-ferrite grain boundary interface in a Fe-
0.18C alloy.
Once a stable nucleus is formed, the emerging γ-austenite phase grows laterally along the
liquid/δ-ferrite interface in both directions at equal rates, in agreement with the earlier findings of
Arai et al. [41]. These observations have been made in the iron-carbon as well as in the iron-nickel
system.
5.1.1.2 Triple Junction Liquid/γ-austenite/δ-ferrite
During the propagation of the γ-austenite platelet along the liquid/δ-ferrite interface, localized
remelting of δ-ferrite has been observed in the iron-carbon as well as the iron-nickel system. In
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order to investigate this effect, the γ-austenite platelet has been stabilized at a fixed position
at the liquid/δ-ferrite interface, followed by small incremental growth regulated by a small drop
in temperature. The ability to stabilize the γ-austenite platelet at the liquid/δ-ferrite interface
essentially requires a temperature gradient along this interface, which was experimentally realized
by a slight eccentricity of the melt pool. Fig. 5.3 shows the sequence of events that occur during the
incremental growth of the peritectic γ-austenite phase in a Fe-0.43C alloy. A schematic illustration
of the temperature cycle imposed is also shown in the T-t curve below the frames. In order to
minimize bulk effects, the specimen was machined to a thickness of 0.18 mm. When the γ-austenite
platelet was held at a stationary position (i.e. constant temperature) at the liquid/δ-ferrite interface
(Fig. 5.3a, c, e and g), no remelting of δ-ferrite occurred and the phases were in equilibrium at
the triple junction (liquid/δ-ferrite/γ-austenite). The first event following a slight decrease in
temperature (by dT ) is remelting of δ-ferrite while the γ-austenite platelet remains in a stationary
position (Fig. 5.3b, d and f). Once a certain length dL of δ-ferrite has been remelted, the γ-austenite
phase continued to grow into the remelted gap (Fig. 5.3c, e and g). This incremental growth has
been repeated three times, as evidenced by the surface depressions which form as a result of the
γ-austenite platelet being held in a stationary position shown in Fig. 5.3g.
Figure 5.3: Sequence of events during the incremental growth of the γ-austenite platelet in a Fe-0.43C alloy.
In a second repeat of this experiment, the γ-austenite platelet was again held at a stationary
position at the liquid/δ-ferrite interface followed by a slight drop in temperature (Fig. 5.4). In this
figure, lateral remelting of δ-ferrite is more pronounced along the γ-austenite/δ-ferrite interface and
not only in front of the triple junction liquid/γ-austenite/δ-ferrite.
The amount of remelted δ-ferrite seems to depend on the temperature and concentration fields
around the interfaces. When the system is close to equilibrium conditions, the solute rejected
from the γ-austenite leads to a local supersaturation of solute in δ-ferrite at this interface and
eventually a remelting of δ-ferrite in these areas. When the peritectic transition occurs under non-
equilibrium conditions, the presence of concentration gradients in δ-ferrite lead to a quick transport
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Figure 5.4: Lateral remelting of δ-ferrite during the propagation of the γ-austenite platelet in a Fe-0.43C
alloy.
of the rejected solute away from the interface and therefore no remelting can be observed. A more
detailed explanation will be given in the discussion of this Chapter.
In Fig. 5.5 a comparison is made of the extent to which δ-ferrite remelts at different reaction
velocities along the liquid/δ-ferrite interface.
Figure 5.5: Triple junction liquid/γ-austenite/δ-ferrite in a Fe-0.43C alloy for different migration velocities
of the γ-austenite platelet of a) vγ = 0 µm/s, b) vγ = 5 µm/s, c) vγ = 36 µm/s, d) vγ = 125
µm/s and e) vγ = 510 µm/s.
For conditions close to equilibrium, i.e. very low cooling rates, the progression of the γ-austenite
platelet occurred at a very low rate and a large fraction of δ-ferrite is remelted. Higher cooling rates
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resulted in increasing reaction velocities and a concomitant decrease in thickness of the γ-austenite
platelet. Higher reaction velocities resulted in less remelted δ-ferrite. No remelting was observed
under non-equilibrium conditions.
5.1.1.3 Lateral Growth of the γ-austenite phase
Fig. 5.5 also shows a comparison of the shape of the γ-austenite platelet in a Fe-0.43C alloy for
migration velocities of 0 µm/s (Fig. 5.5a), 5 µm/s (Fig. 5.5b), 36 µm/s (Fig. 5.5c), 125 µm/s
(Fig. 5.5d) and 510 µm/s (Fig. 5.5e). It is evident that the thickness of the γ-austenite platelet
decreases ar increasing migration velocities. In all cases the velocity, shape and tip radius of the
advancing γ-austenite platelet remain constant during the progression along the liquid/δ-ferrite
interface. In order to reveal the shape of the γ-austenite platelet under equilibrium conditions
and whether it is predominantly located in the δ-ferrite or in the liquid phase, the platelet was
held at a stationary position at the liquid/δ-ferrite interface for 25 seconds at constant temperature
(Fig. 5.5a). The dashed line in the schematic diagram indicates the area of remelted δ-ferrite before
the platelet was stabilized.
In the iron-carbon system, the growth of γ-austenite occurred predominant into the δ-ferrite. The
overall thickness as well as the tip radius of the platelets were decreased with an increase in reaction
velocity along the liquid/δ-ferrite interface. Fig. 5.6 shows the relationship between the thickness
and the tip radius of the γ-austenite platelet and the reaction velocity along the liquid/δ-ferrite
interface.
Figure 5.6: Thickness of the γ-austenite platelet at different reaction velocities (a) and the dependency of
the tip radius on the reaction velocity (b) in a Fe-0.43C alloy.
In the iron-nickel system, γ-austenite grew predominantly into the liquid phase and only to
a small extent into the δ-ferrite. This observation is important and is in stark contrast to the
observations made in the iron-carbon system. The shape of the advancing γ-austenite platelet in
a Fe-4.2Ni alloy at two different reaction velocities is presented in Fig. 5.7. In similar vein to the
iron-carbon system, the rate of the peritectic reaction depends on the cooling rate.
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Figure 5.7: Peritectic reaction in a Fe-4.2Ni alloy for different migration velocities of the γ-austenite
platelet a) vγ = 185 µm/s and b) vγ = 255 µm/s.
The thickness of such a platelet is plotted in Fig. 5.8 as a function of the reaction velocity of
γ-austenite along the liquid/δ-ferrite interface.
Figure 5.8: Thickness of the γ-austenite platelet for different migration velocities in a Fe-4.2Ni alloy.
Fig. 5.9 compares the shape of the γ-austenite platelet during the peritectic reaction between
a Fe-0.43C alloy (Fig. 5.9a) and a Fe-4.2Ni alloy (Fig. 5.9b) respectively, at similar migration
velocities. When the rate of the peritectic reaction is very low or the solute diffusivity very high,
the transformation of δ-ferrite into γ-austenite starts immediately behind the tip of the advancing
γ-austenite platelet (i.e. triple junction liquid/γ-austenite/δ-ferrite), as shown in Fig. 5.9a. On the
other hand, a higher reaction velocity or a lower solute diffusivity results in a delay of the peritectic
transformation, as shown in Fig. 5.9b. In the iron-carbon system, due to the high diffusivity of
carbon, the advancing γ-austenite phase can be clearly divided into two different regions, i.e. a
region of solidified γ-austenite and a region where the δ-ferrite has transformed into γ-austenite.
The transition between these regions appears as a groove in the region of the former liquid/δ-ferrite
interface. The surface ridge in front of the γ-austenite platelet in Fig. 5.9a (dashed line) seems to
result from the local remelting of δ-ferrite. The fact that this effect is only visible in the direct
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neighborhood of the remelted δ-ferrite supports this conclusion. In the iron-nickel system, a similar
groove is observed at the γ-austenite/δ-ferrite interface. However, in this instance the γ-austenite
phase consists of only a solidified region without any detectable growth into the δ-ferrite. It is
argued that this observation can be attributed to the different diffusivities of carbon and nickel
in γ-austenite, which leads to a delayed start of the peritectic transformation in the iron-nickel
system. The same phenomenon was also observed in the iron-carbon system when the reaction
velocity was higher than the rate of transformation of δ-ferrite to γ-austenite.
Figure 5.9: Shape of the γ-austenite platelet in a Fe-0.43C alloy with vγ = 200 µm/s (a) and in a Fe-4.2Ni
alloy with vγ = 185 µm/s (b).
In order to further clarify the mechanism by which the γ-austenite progresses, the shape of the
γ-austenite was investigated during the reverse peritectic reaction in a Fe-0.43C alloy. Fig. 5.10
shows the sequence of events that occurred when the temperature was cycled around the peritectic
temperature. It is also worth noting that the ability to perform this experiment once more highlights
the outstanding capabilities of the experimental technique used in this study. When the temperature
is decreased to just below the peritectic temperature, the γ-austenite platelet grows slowly along the
liquid/δ-ferrite interface as shown in Fig. 5.10a-b. Holding at the peritectic temperature resulted
in a stationary position of the γ-austenite platelet as shown in Fig. 5.10c. With an increase in
temperature to just above the peritectic temperature, the γ-austenite phase remelts and reverses
the growth direction (Fig. 5.10d-g), leaving a depression in the δ-ferrite for a couple of seconds
before the liquid/δ-ferrite interface reverts to a planar shape.
A comprehensive discussion on the presented observations will be given at the end of this section.
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Figure 5.10: Sequence of events during a temperature cycle around the peritectic temperature in a Fe-0.43C
alloy.
5.1.2 Peritectic Transformation
The growth of the γ-austenite layer into the liquid and δ-ferrite, i.e. the peritectic transformation,
initiates immediately following the local separation of the liquid and δ-ferrite phases by the growth
of the γ-austenite layer during the peritectic reaction. Fig. 5.11 shows a sequence of events that
occurs during the peritectic transformation in a Fe-0.43C alloy at different reaction velocities. The
micrographs at 0 seconds have been taken right in front of the advancing γ-austenite platelet, i.e.
the tip of the γ-austenite platelet is right below the bottom of the micrographs. The same region
has then been cropped out of the subsequent frames in order to ensure a measurement of the
position of the transformation interfaces at the same location of the micrograph. The positions of
the respective transformation interfaces as well as the initial position of the liquid/δ-ferrite interface
are indicated by short black lines at the bottom of each micrograph. At low reaction velocities, i.e.
closer to equilibrium conditions, the interfaces liquid/γ-austenite and γ-austenite/δ-ferrite remain
planar at all times (Fig. 5.11a, b). At higher reaction velocities, the interfaces begin to show
unstable morphology (Fig. 5.11c).
Fig. 5.12a shows the migration distance of the transformation interfaces vs. time for the same
alloys presented in Fig. 5.11. In all cases the growth of γ-austenite into δ-ferrite occurred at a
higher rate than in to the liquid phase. Also, a higher propagation rate of the γ-austenite platelet
during the peritectic reaction resulted in a higher rate of the transformation kinetics, presumably
as a result of the higher driving force due to the undercooling below the equilibrium peritectic
temperature. The parabolic growth rate of the thickness of the γ-austenite phase, taken together
with the linearity of the interface propagation as a function of t1/2, shown in Fig. 5.12b, supports
the conclusion that the peritectic transformation is controlled by a diffusion controlled mechanism.
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Figure 5.11: Peritectic transformation at different reaction velocities vγ in a) Fe-0.43C with vγ = 63 µm/s,
b) Fe-0.43C with vγ = 125 µm/s and c) Fe-0.18C with vγ = 1200 µm/s. The sequence of
phases from left to right is liquid/δ-ferrite at 0 s and liquid/γ-austenite/δ-ferrite at longer
times. The positions of the interfaces are indicated by short black lines at the bottom of each
micrograph.
Figure 5.12: Migration distances vs. time (a) and vs. t1/2 (b) for the L/γ and γ/δ interfaces during the
peritectic transformation in iron-carbon alloys at different reaction velocities.
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The same analysis has been performed for a Fe-4.2Ni alloy with a reaction velocity of 480 µm/s,
as shown in Fig. 5.13. The surface depression in the δ-ferrite prior to the peritectic transition,
visible in all micrographs, is the result of a short stationary position of the liquid/δ-ferrite interface
and must not be mistaken as the γ-austenite/δ-ferrite interface.
Figure 5.13: Peritectic transformation in a Fe-4.2Ni alloy for a reaction velocity of 480 µm/s.
Fig. 5.14a shows the migration distance of the respective transformation interfaces over time for
the same alloy shown in Fig. 5.13. In similar vein to the iron-carbon system, the parabolic growth
rate of the thickness of the γ-austenite phase, taken together with the linearity of the interface
propagation rate as a function of t1/2 (Fig. 5.14b), supports the conclusion that the δ-ferrite to
γ-austenite phase transformation is diffusion controlled. However, in this case the γ-austenite
grows further and at a higher rate into the liquid phase than into the δ-ferrite, in contrast to the
observations made in the iron-carbon system. This observation has consistently been made for all
experiments in the iron-nickel system under conditions close to equilibrium.
Figure 5.14: Migration distances over time (a) and t1/2 (b) of the L/γ and γ/δ interfaces during the
peritectic transformation in a Fe-4.2Ni alloy for a reaction velocity of 480 µm/s.
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This inversion of the growth rates of the transformation interfaces, compared to the iron-carbon
system, is believed to result from the different diffusivities of the solute elements in γ-austenite and
δ-ferrite, respectively, and a more comprehensive discussion on these findings will be given in the
following section.
5.1.3 Discussion
In this section the phenomena related to the peritectic reaction and transformation will be described
and discussed in more detail. It is important to note that this section relates to observations made
close to equilibrium conditions. The experiments close to equilibrium conditions were specifically
designed to elucidate the mechanism of the peritectic reaction. Although some of these observations
could not be reproduced under non-equilibrium conditions due to the higher kinetics and driving
forces, it is argued that the governing mechanisms are the same under conditions close to equilibrium
as well as non-equilibrium.
5.1.3.1 Nucleation and Growth of γ-austenite
The initiation of the peritectic phase transition via the nucleation of γ-austenite occurs at the three-
phase junction of the liquid phase and the boundary of two adjacent δ-ferrite grains (i.e. triple
junction), as shown in Fig. 5.2. This observation has been made in all of the alloys investigated
and is in agreement with the findings of earlier researchers [38,41]. The nucleation of γ-austenite has
always been observed at the equilibrium peritectic temperature of the particular alloying system.
The shape and the thickness of the emerging γ-austenite phase during the peritectic reaction
depend on the migration rate along the liquid/δ-ferrite interface (see Fig. 5.5 and Fig. 5.6). Nas-
sar et al. [15] argued that the shape of the γ-austenite platelet is determined by the high surface
tension at the γ-austenite/δ-ferrite interface, which is a result of the elastic strain between γ-
austenite and δ-ferrite. They further argued that this strain causes an increase in the Gibbs free
energy, leading to an undercooling below the equilibrium peritectic temperature and a decrease of
the equilibrium peritectic concentrations in all phases. They derived a theoretical model for the
growth rate of a plate-shaped participate by extending Bosze and Trivedi’s model [31] and using the
surface tension coefficient between δ-ferrite and γ-austenite. However, they did not provide exper-
imental validation of their model. In a more recent study, Ohno et al. [40] investigated the effect
of the interfacial energy on the reaction velocity by using phase-field simulation, but found that
there is no significant influence of the interfacial energy on the reaction velocity in the iron-carbon
system.
In the present study, the increased interfacial energy between δ-ferrite and γ-austenite as pro-
posed by Nassar et al. [15] could not be confirmed. Fig. 5.15a shows the shape of the γ-austenite
platelet in a Fe-0.43C alloy that forms when the temperature is held constant and the platelet
remains stationary at a fixed position at the liquid/δ-ferrite interface (equilibrium conditions). In
establishing mechanical equilibrium at the triple junction, the surface forces will tend to impose
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an equilibrium morphology (minimum energy) in which the sum of the forces will be zero. This
condition will be satisfied when
σδγ = σγL · cos(Θ1) + σδL · cos(Θ2) (5.1)
and
σγL · sin(Θ1) = σδL · sin(Θ2) (5.2)
Using Eq. 5.1 with the experimentally measured values of Θ1 = 38
◦, Θ2 = 51
◦ and σδL = 0.204
J/m2 [35], the value for the γ-austenite/δ-ferrite interfacial energy was calculated to be σδγ = 0.592
J/m2, which is in good agreement with the values reported in the literature [76,94] (Fig. 5.16). The
interfacial energy at the liquid/γ-austenite interface was calculated as σγL = 0.461 J/m
2.
Figure 5.15: Mechanical equilibrium at the triple junction of a stationary γ-austenite platelet in a Fe-
0.43C alloy (a) and the imposed surface tension vectors at the triple junction of an advancing
γ-austenite platelet (b).
The surface tension vectors for an advancing γ-austenite platelet (Fig. 5.15b) (non-equilibrium
conditions) are thought to result from the remelting of δ-ferrite and are therefore not representative
of the true surface tensions at these interfaces. This situation is clearly shown in Fig. 5.5, where
the surface tension vectors are changing while the γ-austenite platelet stays at a constant position
during remelting of δ-ferrite. Hence, although Nassar et al. [15] quite correctly points out that
there is an apparent change in the surface tension balance, our observations indicate that this is a
transient situation, not susceptible to equilibrium analysis. Moreover, it is due to the remelting of
δ-ferrite and not to elastic strain energy. For these reasons it is believed that the reaction velocity
is not influenced by an interfacial energy balance.
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Figure 5.16: Free energy of the γ-austenite/δ-ferrite interface as a function of the sulfur content. The
calculated value of the present work is in good agreement with the values reported in the
literature.
5.1.3.2 Remelting of δ-ferrite
For conditions close to equilibrium at the liquid/δ-ferrite interface, remelting of δ-ferrite has consis-
tently been observed during the peritectic reaction. In the literature two different explanations are
suggested for the cause of the remelting of δ-ferrite. In the diffusion model proposed by Hillert [18],
the enrichment of solute in front of the advancing γ-austenite tip leads to partial remelting of δ-
ferrite. In the heat transfer model proposed by Phelan et al. [23], remelting of δ-ferrite is explained
by the dissipation of the latent heat of fusion released during the growth of the γ-austenite. A
detailed explanation of these models is presented in Chapter 2.
In order to investigate the root cause for the remelting of δ-ferrite and to experimentally validate
the proposed models, an experiment has been performed using an incremental progression of the γ-
austenite platelet to subdivide the peritectic reaction into a sequence of different events (Fig. 5.3).
In order to avoid parabolic liquid/solid interfaces in the bulk of the specimen (Fig. 5.17b), the
thickness of the specimen has been reduced to 0.18 mm for this experiment.
Figure 5.17: Schematic illustration of the peritectic reaction during concentric solidification with a) vertical
and b) parabolic interfaces.
For a constant temperature at the triple junction liquid/γ-austenite/δ-ferrite (i.e. equilibrium
peritectic temperature) the γ-austenite platelet remains in a stationary position at the liquid/δ-
70 Thesis Stefan Griesser
5.1 Investigations Close to Equilibrium Conditions
ferrite interface and no remelting of δ-ferrite could be observed. The first event that occurs when
the temperature is slightly decreased is remelting of δ-ferrite in front of the triple junction, while
the γ-austenite platelet remains in a stationary position. Next, the γ-austenite platelet grows into
the region of remelted δ-ferrite and remains in a stationary position when the temperature is held
constant again. This cannot be explained by the heat transfer model, as the γ-austenite platelet
remains in a stationary position during the remelting of δ-ferrite. The latent heat of fusion is a
result of the energy release during the change from an atomic short-range order to a long-range
order (i.e. solidification), and therefore no latent heat can be released by the γ-austenite at this
stage.
Under the assumption of a vertical liquid/solid interface of the γ-austenite platelet through the
specimen (Fig. 5.17a), the latent heat Qγ released during the growth of a small γ-austenite fraction
is
Qγ = Lγ ·mγ (5.3)
with
mγ =
l · w · h
ρ
(5.4)
where Lγ is the latent heat of fusion released during the solidification of γ-austenite (272
kJ/kg [49]), h is the sample thickness, w is the thickness of the γ-austenite platelet, l is the length
of the solidified fraction and ρ is the density of γ-austenite. In the case of a parabolic interface
where the γ-austenite platelet is advancing in the bulk of the specimen (Fig. 5.17b), the mass mγ
and the resulting Qγ would be even smaller for the same length l. In order to cause melting of
δ-ferrite, the temperature of the δ-ferrite has to be equal to the melting temperature TM for the
specific composition. Any δ-ferrite at a temperature less than the melting temperature first needs
to be heated up by ∆T to the melting temperature before it can remelt and transform into liquid.
The heat QH needed to reheat the δ-ferrite of mass m by temperature ∆T is
QH = m · cP ·∆T (5.5)
where cP is the specific heat capacity of δ-ferrite. The remaining heat QR available for the
remelting of δ-ferrite can be calculated as the heat generated by the solidification of γ-austenite
minus the heat QH dissipated during the reheating of δ-ferrite to the melting temperature and the
heat QL that is released into the liquid phase,
QR = Qγ −QH −QL (5.6)
The mass mδ of δ-ferrite that can be remelted by this amount of heat is
mδ = QR/Lδ (5.7)
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where Lδ is the latent heat of fusion of δ-ferrite (260 kJ/kg
[49]). Depending on the remaining
heat QR available to remelt the δ-ferrite, this mass is expected to be very small, which is in marked
contrast to the experimental observations performed in the present work.
Better agreement is found by assuming a diffusion controlled mechanism for the observed be-
havior. When the temperature is held constant at the triple junction liquid/γ-austenite/δ-ferrite,
all three phases are in chemical equilibrium with each other, i.e. the chemical potential of solute
in iron is equal in all phases and no diffusion will take place. A decrease in temperature causes
a difference in chemical potential of the elements, which in turn results in a driving force for the
diffusion of the solute and the iron atoms. In the iron-carbon as well as the iron-nickel system, the
driving force for the diffusion of the solute is much higher than the driving force for the diffusion of
iron atoms, as schematically indicated in Fig. 5.18. Therefore, and additional to the high diffusivity
of carbon in iron, this partitioning process and the resulting remelting of δ-ferrite occurs at a much
higher rate than the solidification of γ-austenite which is related to the smaller driving force for the
diffusion of iron atoms. A quantitative analysis of these driving forces in the iron-carbon system
can be found in Chapter 6.
Figure 5.18: Schematic free energy diagram and the resulting driving forces for the diffusion of carbon and
iron atoms during cooling. For the sake of clarity, only two phases are shown.
Another feature that cannot be explained by neither the heat transfer model nor the diffusion
controlled model proposed by Hillert [18], is shown in Fig. 5.4. Here, remelting of δ-ferrite not only
occurred in front of the triple junction liquid/γ-austenite/δ-ferrite, but also along the γ-austenite/δ-
ferrite interface behind the triple junction. This observation is a strong indication that a diffusion
controlled mechanism is responsible for the remelting of δ-ferrite. However, the proposed model of
Hillert [18] fails to explain the observed characteristics. In his model, it is suggested that the liquid
in contact with the γ-austenite has a higher carbon concentration than the liquid in contact with
the δ-ferrite due to the rejection of solute atoms at the tip of the growing γ-austenite (Fig. 5.19a). It
is further suggested that this process increases the overall carbon concentration in the liquid phase
near the triple junction, which in turn leads to partial remelting of the δ-ferrite in the vicinity of
the triple junction in order to reduce the increased concentration near the liquid/δ-ferrite interface.
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However, the model only explains remelting of δ-ferrite ahead of the growing γ-austenite tip, but
not remelting at the γ-austenite/δ-ferrite interface as observed in Fig. 5.4.
Figure 5.19: Phase diagram for the Fe-C system explaining the remelting of δ-ferrite by a) Hillert et al. [18]
and b) the proposed mechanism in this work.
In order to explain the observations shown in Fig. 5.4, a new model is proposed for the remelting of
δ-ferrite during the peritectic reaction, but taking into account Hillert’s model [18] for the remelting
of δ-ferrite at the tip of the growing γ-austenite platelet. The shape of the phase diagrams for
the iron-carbon as well as for the iron-nickel system shows a decreasing solubility of solute in γ-
austenite in contact with the δ-ferrite below the peritectic temperature, as indicated by the arrow in
Fig. 5.19b. Therefore, solute is rejected from the γ-austenite into the δ-ferrite during the peritectic
reaction. At the same time, the solubility of δ-ferrite is decreasing, resulting in supersaturation in
carbon (or nickel) in δ-ferrite at the γ-austenite/δ-ferrite interface. The supersaturation in carbon
(or nickel) in δ-ferrite corresponds to an increased carbon (or nickel) concentration in the liquid
(Fig. 5.19) and hence, lowering of the melting point of the δ-ferrite resulting in partial remelting.
In the Fe-C system, the lateral remelting of δ-ferrite was observed when the system was very close
to equilibrium (i.e. no concentration gradients in the liquid and δ-ferrite). In the Fe-Ni system, this
phenomenon was observed more often and also for higher reaction velocities. This observation can
be accounted for by the different diffusivities of carbon and nickel, respectively. If concentration
gradients exist in the δ-ferrite, the rejected solute is quickly transported away from this interface
and no remelting is observed. Due to the higher diffusivity of carbon, this process is faster in the
Fe-C system. Also, the slope of the solubility line of carbon and nickel in γ-austenite in contact with
δ-ferrite is different in the two systems (indicated by the arrow in Fig. 5.19b). In the Fe-C system
0.002093 wt.-%C/K is rejected from the γ-austenite into the δ-ferrite during cooling compared to
0.045393 wt.-%Ni/K in the Fe-Ni system (about 20 times more). Therefore, much more solute
is rejected from the γ-austenite during the peritectic reaction in the Fe-Ni system, leading to a
pronounced lateral remelting of δ-ferrite as shown in Fig. 5.20.
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Figure 5.20: Remelting of δ-ferrite in a a) Fe-4.2Ni and b) F-0.43C alloy.
Alloying systems with a negative slope of the solubility line of the γ-austenite in contact with
δ-ferrite (e.g. Cu-35Zn) should not show any remelting of δ-ferrite since no solute is rejected from
the γ-austenite into the δ-ferrite during cooling. A complete explanation for the remelting of δ-
ferrite during the peritectic reaction requires an extension of the model proposed by Hillert et al. [18]
as proposed in the new model in the present study, which then accounts for the remelting at the
growing γ-austenite tip as well as the lateral remelting of δ-ferrite, which for the first time has been
observed in this study.
5.1.3.3 Rate of the Peritectic Reaction
The growth rate of the γ-austenite phase along the liquid/δ-ferrite interface depends on the thermal
conditions (i.e. cooling rate and undercooling below the equilibrium peritectic temperature) as
well as the diffusivity of the solute elements. Higher migration rates result in thinner γ-austenite
platelets as well as a smaller tip radius (Fig. 5.5 and Fig. 5.6). These observations can be accounted
for by the aid of the schematic diagram shown in Fig. 5.21. The lateral growth of the γ-austenite
layer along the liquid/δ-ferrite interface (vγ), separating the liquid from the δ-ferrite, occurs at a
higher rate than the diffusion controlled thickening of this layer (vγ/L and vγ/δ) and hence, the
thickness of the γ-austenite platelets decreases with increasing reaction velocities.
Figure 5.21: Schematic illustration of the peritectic reaction.
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Fig. 5.9 shows that, depending on the diffusivity of the solute elements, the γ-austenite platelet
consists of a region of solidified as well as transformed γ-austenite. In the iron-nickel system, only
the solidified γ-austenite was observed due to the low diffusivity of the substitutional nickel, which
delayed the start of the peritectic transformation of δ-ferrite in γ-austenite. In the iron-carbon
system, the peritectic transformation started immediately behind the triple junction liquid/γ-
austenite/δ-ferrite of the advancing γ-austenite platelet. A comparison between these two alloying
systems leads to the conclusion that the peritectic reaction can be described as the solidifica-
tion of γ-austenite along the liquid/δ-ferrite interface, whereas the peritectic transformation is the
diffusion-controlled growth of γ-austenite into the δ-ferrite and the liquid phase. Ohno et al. [44]
investigated the morphology of the triple junction for a model alloy system by means of quantitative-
phase-field simulation, showing a strong dependency of the position of the transformation interfaces
on the partition coefficient kγδ between γ-austenite and δ-ferrite. They showed that the motion
of the liquid/γ-austenite interface exceeds the motion of the δ-ferrite/γ-austenite interface as the
value of kγδ increases, see Fig. 5.22. These simulations agree well with the observations made in
the present study. In the iron-carbon system the partition coefficient of kγδ ≈ 0.54 at the peritectic
temperature is smaller compared to kγδ ≈ 0.88 in the iron-nickel system, leading to a pronounced
growth of γ-austenite into the δ-ferrite.
Figure 5.22: Morphology of phases near the triple junction for different partition coefficients of a) kγδ =
1.67 and b) kγδ = 6.68. The diffusion coefficients were DL = 2·10−8 m2/s, Dδ = 4·10−9
m2/s and Dγ = 6· 10−10 m2/s in both cases. The different line styles correspond to different
times (modified from Ref. [44]).
Ohno et al. [44] also investigated the effect of solid diffusivities on the morphology of the triple
junction. When the diffusion coefficient in the δ-ferrite is reduced, the morphology of the phases
drastically changes as shown in Fig. 5.23. The diffusion coefficient of solute in the iron-carbon
system is two orders of magnitude higher than in to the iron-nickel system, leading to a pronounced
growth of γ-austenite into the δ-ferrite (Fig. 5.23a). Also these simulations agree well with the
observations made in the present study. When the growth of the γ-austenite occurred mostly in
the liquid phase (Fig. 5.23b), Ohno et al. [44] suggested that the Bosze and Trivedi model [31] might
well be used to describe the rate of the peritectic reaction.
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Figure 5.23: Morphology of the phases near the triple junction for different diffusion coefficients of a) DL
= 2·10−8 m2/s, Dδ = 4·10−9 m2/s, Dγ = 6·10−10 m2/s and b) DL = 2·10−8 m2/s, Dδ =
4·10−12 m2/s, Dγ = 6·10−13 m2/s. The partition coefficient was set to kγδ = 1.87 in both
cases. The different line styles correspond to different times (modified from Ref. [44]).
The Bosze and Trivedi model [31] has first been applied to the analysis of the peritectic reaction
by Fredriksson and Nylen [21], who concluded that the peritectic reaction is governed by a diffusion-
controlled mechanism. A detailed derivation of this model is presented in Chapter 2. It should be
pointed out that this model ignores the effect of solid diffusion and expresses the reaction velocity as
solidification of γ-austenite as a function of the solute supersaturation. Based on the observations
shown in Fig. 5.9 and the results of the quantitative-phase-field simulations of Ohno et al. [44], the
mechanism of the peritectic reaction in the Fe-C and Fe-Ni systems can be described by solidifica-
tion of γ-austenite and hence, the application of this model to the peritectic reaction is justified.
However, it should be pointed out again that this model does not specifically concern the peritectic
reaction but it can be used as an approximation for it.
Fig. 5.24a shows the result of Bosze and Trivedi’s model as a function of undercooling for different
diffusivities of carbon in the liquid phase using an experimentally determined tip radius of the γ-
austenite platelet of 0.75 µm, corresponding to a reaction velocity of 125 µm/s (Fig. 5.6). The
concentrations of the phases corresponding to the undercoolings were calculated using Thermo-
Calc Software TCFe6 Steels/Felloys database version 6 [91]. The experimentally measured value of
125 µm/s is much higher than the calculated value when a diffusion coefficient for carbon in liquid
of DL = 2·10−8 m2/s [38] is used. Even when the tip radius of the γ-austenite platelet is reduced
to much lower values (Fig. 5.24b), the model predictions are much lower than the experimentally
determined values. However, it appears from Fig. 5.24a that the reaction velocity calculated by
the Bosze and Trivedi model is strongly depending on the diffusion coefficient of carbon in the
liquid phase. As discussed earlier in Chapter 4, the presence of fluid flow in the liquid phase could
effectively increase the diffusion coefficient of carbon in liquid. Aminorroaya et al. [93] investigated
the effect of fluid flow on the interface progression during solidification using the same experimental
equipment as employed in the present study. They found good agreement between their calculated
values for the solidification rate and their experimental observations when the diffusivity of carbon
in the liquid phase was increased by a factor 103 to take into account the presence of fluid flow.
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Using a diffusion coefficient for carbon in liquid of 2·10−5 m2/s, good agreement is found between the
observed velocity and the calculated values using Bosze and Trivedi’s model as shown in Fig. 5.24a
(a reaction velocity of 125 µm/s is predicted at an undercooling of less than 1 K).
Figure 5.24: Reaction velocity as a function of undercooling calculated using Bosze and Trivedi’s model [31]
for a) different diffusivities of solute in the liquid and b) different tip radii of the γ-austenite
platelet.
As mentioned earlier, an exact determination of the undercoolings below the equilibrium peri-
tectic temperature for low reaction velocities (close to equilibrium conditions) is not possible in the
experimental technique used in this investigation, since the resolution of the interfacial temperature
is only in the range of approximately 1 K. Therefore, Bosze and Trivedi’s model can be used in
an inverse mode to make an estimate of the pertaining undercooling that corresponds to a specific
observed reaction velocity. In Fig. 5.25a a comparison is made between the observed and the cal-
culated reaction velocities using the different experimentally measured tip radii (Fig. 5.6) and a
diffusion coefficient for carbon in liquid of 2·10−5 m2/s. The intersection between the observed (vγ
= 5, 36 and 125 µm/s) and calculated reaction velocities (lines in the diagram) yields the relevant
undercooling below the equilibrium peritectic temperature. Firstly, the predicted undercooling at
a specific observed velocity is in the expected temperature range (∆TP < 1 K) and seems realistic.
Furthermore, a comparison between the experimentally determined relationship between reaction
velocity and undercooling (vγ ≈ 180 ·∆TP [µm/s]) in a Fe-0.42C alloy by Shibata et al. [38] shows
reasonable agreement, as it is shown in Fig. 5.25b.
Therefore, it can be summarized that Bosze and Trivedi’s assumption that the peritectic reaction
can be described as solidification of γ-austenite is justified (Fig. 5.9) and their model can account for
the experimentally determined growth velocities of the γ-austenite platelet. However, the greatest
uncertainty in their model lies in the value of the diffusion coefficient of the solute in the liquid. Also,
inaccuracies in the measurement of the tip radius of the advancing γ-austenite platelet greatly affect
the predicted velocity. It is believed that it is these uncertainties that has led to the inability of this
model to account for the experimentally determined growth velocities by earlier researchers [38,23]
and to the conclusion that diffusion cannot be the rate-controlling mechanism of the peritectic
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Figure 5.25: Comparison between the observed and the calculated reaction velocities using the experimen-
tally measured tip radii and a diffusion coefficient DL = 2·10−5 m2/s.
reaction. However, the present study under conditions close to equilibrium supports the conclusion
that the peritectic reaction is diffusion controlled, provided the correct tip radius is used and due
account is taken of convection in the liquid by assigning an appropriate diffusion coefficient to the
solute in the liquid phase.
5.1.3.4 Peritectic Transformation
In the iron-carbon system, the growth of the γ-austenite layer into the liquid and δ-ferrite, i.e.
the peritectic transformation, starts immediately following the local separation of the liquid and
δ-ferrite phases by the γ-austenite layer during the peritectic reaction (Fig. 5.9a). In the iron-nickel
system, the lower diffusivity of nickel in γ-austenite results in a clear separation of the peritectic
transformation and the peritectic reaction (Fig. 5.9b). The rate of the peritectic transformation in-
creases with an increase in the rate of the peritectic reaction (Fig. 5.12). Earlier research has shown
that the rate of the peritectic reaction depends on the undercooling below the equilibrium peritectic
temperature and hence, the velocity of the peritectic reaction can be used as an indication for the
degree of undercooling. Hence, higher undercoolings result in increased kinetics of the peritectic
transformation. For conditions close to equilibrium, i.e. negligible influence of solute concentra-
tion gradients in the parent phases and at low undercoolings, the propagation of the interfaces
liquid/γ-austenite and γ-austenite/δ-ferrite occurs with a planar morphology in both directions.
The propagation rate of these interfaces depends on the solute diffusivity in the respective phases.
In the present study it was found that the time dependence of the interface propagation during
the peritectic transformation follows the relation ∆x = K · t1/2 (Fig. 5.12 and Fig. 5.14), where
K is a constant. This observation has also been made by other researchers [38,47,48] and supports
the conclusion that a diffusion-controlled mechanism governs the peritectic transformation. The
constant K depends on the solute diffusivity, the existence of concentration gradients, the degree
of undercooling below the equilibrium peritectic temperature and the cooling rate.
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Fredriksson and Nylen [21] derived an expression for the growth rate of γ-austenite during the
peritectic transformation, as presented in Chapter 2. In this model the assumption is made that
only small concentration gradients exist in the δ-ferrite and the liquid phase, i.e. the model is
only valid close to equilibrium conditions. Fig. 5.26 shows a comparison of the observed interface
migration rates with the calculated values using Eq. 2.8. The corresponding frames are shown in
Fig. 5.11. In this calculation, the initial thickness of the γ-austenite layer at the beginning of the
peritectic transformation was 0.1 µm and the diffusion coefficient of carbon in γ-austenite, Dγ , was
set to 8·10−10 m2/s [46]. The cooling rate was 0.5 K/min and the undercoolings were approximated
from Shibata et al. [38], who measured the relationship between undercooling and reaction velocity
in a Fe-0.42C alloy.
Figure 5.26: Comparison of calculated and experimentally observed interface migration rates in a Fe-0.43C
alloy with a reaction velocity of a) 63 µm/s (∆TP = 0.25 K, CR = 0.5 K/min) and b) 125
µm/s (∆TP = 1 K, CR = 0.5 K/min).
In the case of the γ-austenite/δ-ferrite interface, the calculations are in good agreement with the
experimental observations, indicating diffusion-controlled growth. However, the calculated values
of the migration of the liquid/γ-austenite interface are much lower than experimentally observed in
both experiments. This apparent discrepancy can be accounted for by the presence of convection
in the liquid phase (see Chapter 4), as Eq. 2.8 does not take into account solute diffusion in the
liquid phase. A higher solute diffusivity in the liquid phase increases the transport of solute to and
from the interface, leading to increased migration velocities of the liquid/γ-austenite interface.
In the iron-carbon system, and in the experimental setup used, the γ-austenite was growing
further into the δ-ferrite than into the liquid phase (see Fig. 5.12). This is thought to be due to
the following reasons:
 a steeper temperature gradient in the solid phase than in the liquid phase leads to ther-
mal activated diffusion of carbon in the direction of this gradient and an increased rate of
propagation of the γ-austenite/δ-ferrite interface towards δ-ferrite;
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 the presence of concentration gradients of carbon in δ-ferrite, resulting from the primary
solidification of δ-ferrite, causes an increased flux of carbon from the liquid into the δ-ferrite
and faster growth of the γ-austenite/δ-ferrite interface towards δ-ferrite;
 the small compositional gap across the γ-austenite/δ-ferrite interface, compared to a larger
gap across the liquid/γ-austenite phase boundary, results in a higher propagation velocity of
the γ-austenite/δ-ferrite interface compared to the liquid/γ-austenite interface [53,54,40].
In the iron-nickel system the γ-austenite phase is growing faster towards the liquid phase com-
pared to the δ-ferrite, which is in marked contrast to the iron-carbon system (see Fig. 5.14). Similar
observations have been made by Arai et al. [41]. This different bahaviour is thought to be due to
the different diffusivities of the interstitial carbon and the substitutional nickel, see Tab. 5.2.
DL[m2/s] Dδ[m2/s] Dγ [m2/s]
C 2·10−8 [15] 5·10−9 [46] 8·10−10 [46]
Ni 5·10−9 [15] 2.1·10−11 [41] 3.7·10−13 [41]
Table 5.2: Diffusion coefficients of carbon and nickel in the liquid, δ-ferrite and γ-austenite at 1768 K.
The diffusivity of nickel in γ-austenite is approximately three orders of magnitude lower than
carbon, reducing the transport of nickel atoms to the γ-austenite/δ-ferrite interface. Therefore,
the propagation of the γ-austenite/δ-ferrite interface occurs at a much lower rate in the iron-
nickel system than in the iron-carbon system. Summarizing, in the present investigations close to
equilibrium conditions, the comparison between the iron-carbon and the iron-nickel system revealed
a diffusion-controlled mechanism of the peritectic reaction as well as the peritectic transformation
in all of the investigated alloys. An accurate description of the peritectic transformation essentially
requires the solute diffusivity to be taken into account in all of the phases present.
5.2 Investigations Under Non-Equilibrium Conditions
The experimental investigations under non-equilibrium conditions were conducted in a high-tem-
perature laser-scanning confocal microscope in order to simulate the behavior of the peritectic phase
transition in commercial casting processes. The specimens were heated up to a temperature T that
corresponds to a liquid melt pool radius R(T ) so that only a thin solid rim of δ-ferrite remained prior
to solidification. After a holding period to establish homogeneous conditions across the specimen,
the temperature was constantly decreased by a prior defined cooling rate and controlled by the
temperature controller. Depending on the fraction of solid at the peritectic temperature of the alloy
being investigated, fS(TP ), the propagation of the liquid/δ-ferrite interface of up to 3 mm leads
to the formation of more or less steep solute concentration gradients in the phases during primary
solidification. When the temperature reaches the equilibrium peritectic temperature, nucleation
of γ-austenite occurs in the direct vicinity of these gradients and therefore under non-equilibrium
conditions. This situation is schematically illustrated in Fig. 5.27.
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Figure 5.27: Schematic illustration of the initial conditions for experiments under non-equilibrium condi-
tions.
In the following subsections the results of these experimental investigations assessing a variety of
variables and parameters on the peritectic phase transition under non-equilibrium conditions are
presented. A detailed discussion of the results, in particular the relationship between nucleation
of γ-austenite in a diffusion field and the tendency for a massive transformation of δ-ferrite into
γ-austenite, will be given in the discussion at the end of this chapter.
5.2.1 Influence of the Cooling Rate
The cooling rates used were in the range of 2 K/min to 10 K/min in order to ensure a planar
growth front of the liquid/solid interface since this ensured an accurate measurement of the phase
fractions during solidification. Experiments at a cooling rate higher than 10 K/min resulted in
higher undercoolings below the equilibrium peritectic temperature, which in turn increased the
kinetics of the peritectic phase transition to the extent that it exceeded the frame rate of the
recording video file.
Fig. 5.28 shows the liquid/δ-ferrite interfacial temperature as a function of the fraction of solid
(δ-ferrite) for a Fe-0.18C alloy solidified with applied cooling rates of 2 K/min and 10 K/min
respectively. Both curves are plotted until the peritectic phase transition occurred. The limits
for full equilibrium (lever-rule) as well as the conditions with no back-diffusion (Scheil model) are
also plotted for reference sake. Both experiments were started from the same initial pool size in
order to ensure similar starting conditions prior to solidification. In the case of the lower cooling
rate, i.e. 2 K/min, the system remains close to equilibrium until a fraction of solid of about 0.55
is reached. The low cooling rate and the resulting slow interface progression permits enough time
for the carbon to diffuse back into the surrounding solid rim. The enrichment in the liquid phase
is minimal so that the phase fractions remain close to equilibrium conditions. For a fraction of
solid higher than 0.55, the system begins to steadily deviate from equilibrium. The higher the
fraction of solid the more time is required for back-diffusion to occur and the system shifts further
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towards non-equilibrium conditions. Additionally, the concentric geometry of the specimen causes
a decreasing interfacial area during solidification between the liquid phase and the δ-ferrite, further
limiting the back-diffusion of solute into the δ-ferrite.
Figure 5.28: Temperature vs. fraction of solid for a Fe-0.18C alloy solidified with applied cooling rates of
2 K/min and 10 K/min. The experimental curves are plotted until the peritectic transition
occurred.
In the case of the higher cooling rate, i.e. 10 K/min, the system begins to deviate earlier, i.e. at a
lower fraction of solid. The propagation of the liquid/δ-ferrite interface occurs at a higher velocity,
reducing the time to ensure sufficient back-diffusion. This causes a stronger enrichment of the
liquid phase and a resulting smaller fraction of solid compared to equilibrium conditions at a given
temperature. In both experiments the peritectic phase transition occurred at a lower fraction of solid
than under equilibrium conditions, indicating the presence of a concentration gradient of carbon in
the δ-ferrite. Higher cooling rates result in a lower fraction of solid at the moment the peritectic
phase transition occurs, which in turn indicates a steeper concentration gradient in the δ-ferrite.
Also, the measured peritectic temperature was below the equilibrium peritectic temperature. A
small shift from equilibrium conditions resulted in small undercoolings whereas higher cooling rates
and steeper concentration gradients in the δ-ferrite led to higher undercoolings. The experimentally
observed peritectic temperature was 1767 K for a cooling rate of 2 K/min and 1764 K for a cooling
rate of 10 K/min.
Fig. 5.29 shows the morphology of the γ-austenite phase during the peritectic reaction and
transformation for both cooling rates. The frames of the peritectic transformation were taken
one second after the initiation of the peritectic reaction. The rate of the peritectic reaction has
been measured as 500 µm/s for a cooling rate of 2 K/min (TP = 1767 K) and 6000 µm/s for a
cooling rate of 10 K/min (TP = 1764 K). In the case of the lower cooling rate, both the peritectic
82 Thesis Stefan Griesser
5.2 Investigations Under Non-Equilibrium Conditions
reaction and transformation occurred with a planar morphology of the interfaces. As previously
discussed in Section 5.1, a higher reaction velocity resulted in a thinner γ-austenite platelet during
the peritectic reaction. For a reaction velocity of 6000 µm/s, the tip of the γ-austenite platelet
could only be detected as a small distortion at the liquid/δ-ferrite interface compared to the same
position on previous frames, corresponding to a tip radius well below 1 µm. A measurement of
the thickness of the γ-austenite platelet behind the triple junction was not possible since only a
very thin layer of γ-austenite was growing along the liquid/δ-ferrite interface. The first detectable
γ-austenite/δ-ferrite interface behind the triple junction already showed an unstable morphology,
which resulted in the dendrite-like morphology during the further transformation of δ-ferrite into
γ-austenite. In both experiments the growth of the γ-austenite phase occurred predominantly into
the δ-ferrite and much less into the liquid phase. Also, the morphology of the liquid/γ-austenite
was more planar in all cases.
Figure 5.29: Peritectic reaction and transformation in a Fe0.18C alloy solidified with applied cooling rates
of 2 K/min and 10 K/min respectively.
Fig. 5.30 shows the corresponding concentration gradients of carbon in δ-ferrite calculated by
DICTRA that emerge during the solidification of the alloy investigated for both cooling rates. In
Fig. 5.30a the concentration gradients are plotted at the equilibrium peritectic temperature, where
γ-austenite nucleates under equilibrium conditions. It should be pointed out that DICTRA always
predicts the nucleation of γ-austenite at the equilibrium peritectic temperature regardless of the
solidification conditions (e.g. cooling rate). Therefore, the concentration of the δ-ferrite that is
in contact with the liquid phase is at the equilibrium solubility limit due to the assumption of
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local equilibrium in DICTRA. However, in the experiment the nucleation of γ-austenite occurs
at a certain undercooling below this temperature. In order to calculate the further emerging
concentration gradient in the δ-ferrite below the equilibrium peritectic temperature, the γ-austenite
phase was set inactive and prohibited to form in the simulation. The concentration gradients of
carbon in δ-ferrite at the experimentally measured temperatures are plotted in Fig. 5.30b. Here,
the δ-ferrite that is in contact with the liquid phase is further enriching in carbon according to the
extended (i.e. non-equilibrium) solubility line of δ-ferrite in the phase diagram.
Figure 5.30: Concentration gradients of carbon in δ-ferrite for different cooling rates at the equilibrium
peritectic temperature (a) and at the experimentally measured peritectic temperatures (b).
In a different experiment, the influence of the cooling rate on the peritectic temperature as well
as the reaction velocity was investigated using a Fe-0.43C alloy. As in this alloy the solidification
length of δ-ferrite is relatively short due to the low fraction of δ-ferrite at TEP , cooling rates of up
to 50 K/min were applied in these experiments, see Fig. 5.31.
Figure 5.31: Influence of the cooling rate on the a) peritectic temperature and b) the reaction velocity in a
Fe-0.43C alloy.
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In the present investigations, higher cooling rates have been observed to result in a faster liquid/δ-
ferrite interface migration rate, which in turn led to the formation of steeper concentration gradients
of carbon in δ-ferrite as well as higher undercoolings below the peritectic temperature. A higher
undercooling below the equilibrium peritectic temperature resulted in a higher the rate of the peri-
tectic reaction as well as transformation into the solid phase. In all of the conducted experiments,
the γ-austenite grew predominantly into the δ-ferrite and to a much lower extent into the liquid
phase. A detailed discussion of the root cause for the observed undercooling will be given in the
discussion at the end of this chapter as well as in Chapter 6.
5.2.2 Influence of the Carbon Concentration
In order to study the effect of the alloy composition on the kinetics and morphology of the peritectic
phase transition, three iron-carbon alloys with different carbon content have been investigated. Due
to the reported differences in the casting behavior of hypo- and hyper-peritectic steel grades [95–97,7],
the alloys have been designed to be close to the three defining compositions of the peritectic range in
the phase diagram (Fig. 5.32a): a hypo-peritectic Fe-0.10C alloy, a hyper-peritectic Fe-0.18C alloy
and a hyper-peritectic Fe-0.43C alloy. All experiments were performed with the same initial fraction
of solid and at an applied cooling rate of 10 K/min. In Fig. 5.32b the migration distance of the
liquid/δ-ferrite interface is plotted over time, showing a strong influence of the alloy composition on
the interface velocity. The curves are plotted until the peritectic phase transition occurred. In the
case of the Fe-0.10C alloy, initial solidification occurs almost four times as fast than in a Fe-0.43C
alloy at the same cooling rate.
Figure 5.32: Schematic illustration of the investigated alloys in the Fe-C phase diagram applying the same
initial fraction of solid prior to solidification (a) and the measured liquid/δ-ferrite interface
migration over time (b).
The interface velocity during solidification is, amongst other factors, strongly depended on the
slopes of the liquidus and solidus lines in the applicable phase diagram (i.e. effective partitioning
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coefficient). In Tab. 5.3 the slopes of the liquidus and solidus lines are listed for different carbon
contents at the particular melting temperature of the alloy. In the binary iron-carbon system, a
lower carbon concentration results in a higher velocity of the solidification interface, which in turn
leads to the formation of steeper concentration gradients in the δ-ferrite. This enrichment of carbon
in the liquid phase results in a decreasing solidus temperature and potentially a peritectic phase
transition in alloys with a composition ostensibly outside the peritectic composition range. This
behaviour has been witnessed in a Fe-0.05C alloy, where the solidus temperature was decreased by
more than 20 K and a peritectic phase transition was observed (see Section 5.2.4.3).
Fe-0.10C Fe-0.18C Fe-0.43C
Temperature [K] 1803.22 1796.94 1776.01
Slope of the liquidus line -78.05 -79.93 -85.92
Slope of the solidus line -442.03 -451.90 -489.50
Table 5.3: Slopes of the liquidus and solidus lines at different carbon concentrations at the liquidus temper-
ature of the particular alloy [91].
Fig. 5.33 shows the observed morphology of the transformation interfaces one second after the
initiation of the peritectic reaction in the alloys under investigation. A clear transition can be seen
in the behavior of the peritectic phase transition in these alloys. In the Fe-0.10C alloy, the δ-ferrite
abruptly transformed into γ-austenite in a fraction of a second preventing the observation of the
peritectic reaction. The abrupt transformation of δ-ferrite into γ-austenite indicates a massive
mechanism of the peritectic transformation. In the Fe-0.18C alloy, the peritectic reaction occurred
at a rate of 6000 µm/s followed by a dendritic/finger-like growth of γ-austenite into the δ-ferrite.
In the Fe-0.43C alloy, the peritectic reaction occurred at a rate of 63 µm/s followed by a planar
transformation of δ-ferrite into γ-austenite. It must be emphasised that the experiments were
conducted using the same applied cooling rate and initial fraction of solid. In all cases the growth
of γ-austenite occurred at a higher rate into the δ-ferrite than in the liquid phase.
Figure 5.33: Peritectic transformation one second after the peritectic reaction in a Fe0.10C (a), Fe-0.18C
(b) and Fe-0.43C (c) alloy solidified under the same conditions with an applied cooling rate
of 10 K/min.
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Fig. 5.34 shows the pertaining calculated concentration gradients of carbon in δ-ferrite that
emerge during solidification of the alloys at the equilibrium peritectic temperature (Fig. 5.34a)
and the experimentally measured peritectic temperature (Fig. 5.34b). A higher fraction of solid at
the peritectic temperature (i.e. long migration distance of the liquid/δ-ferrite interface) leads to
the formation of steeper concentration gradients at the liquid/δ-ferrite interface as well as a lower
carbon concentration in δ-ferrite at the edge of the specimen. The equilibrium fraction of δ-ferrite
at the peritectic temperature is equal to 0.97 for a Fe-0.10C alloy, 0.81 for a Fe-0.18C alloy and
0.23 for a Fe-0.43C alloy. The closer the alloy composition is to the limiting concentration on the
left hand side of the peritectic range (i.e. approx.. 0.10 wt.-% C), the longer will be the migration
distance of the liquid/δ-ferrite interface prior to the peritectic transition, resulting in an increased
enrichment of the liquid phase and steeper concentration gradients in the δ-ferrite.
Figure 5.34: Concentration gradients of carbon in δ-ferrite for different alloy compositions at the equilib-
rium peritectic temperature (a) and at the experimentally measured peritectic temperatures
(b).
In order to investigate the effect of the initial phase compositions prior to solidification, and to
further examine the role of the carbon concentration on the solidification velocity and the transfor-
mation behavior, the Fe-0.10C and Fe-0.18C alloys were solidified from the same initial temperature
(i.e. equal slopes in the phase diagram). This is schematically shown in Fig. 5.35a. In both ex-
periments, a liquid melt pool has been established that corresponds to an interface temperature of
1788 K and phase compositions of Cδ = 0.051 wt.-% C and CL = 0.287 wt.-% C, respectively. It
is important to note that by doing so, different initial fractions of solid (i.e. pool radius) had to be
established for each alloy. After a holding period to homogenize the phases at this temperature, the
alloys were solidified with an applied cooling rate of 10 K/min and the progression of the liquid/δ-
ferrite interface was tracked, as shown in Fig. 5.35b. In both cases, initial solidification proceeds
with an interface velocity of 5.3 µm/s. This is in marked contrast to the previous experiments,
where the alloys were solidified from different initial temperatures, indicating the importance of the
slopes of the phase boundary lines in the phase diagram. During further solidification, the limited
Thesis Stefan Griesser 87
5 Experimental Investigations
back-diffusion of carbon causes a decreasing interface velocity in both alloys, but this happens faster
in the Fe-0.10C alloy than in the Fe-0.18C alloy. This observation can be explained by two effects.
Firstly, the initial fraction of solid at the starting temperature is higher in the Fe-0.10C alloy than
in the Fe-0.18C alloy, resulting in a longer diffusion distance of carbon in the δ-ferrite. In order for
the carbon atoms to diffuse from the liquid phase into the δ-ferrite, the existing carbon atoms in the
δ-ferrite that is in contact with the liquid phase have to diffuse back to the edge of the specimen.
As this distance is longer in the Fe-0.10C alloy, less carbon atoms can be transferred from the liquid
into the δ-ferrite per unit time, resulting in a larger decrease of the interface velocity in this alloy.
Secondly, due to the concentric geometry of the specimen, the smaller pool radius in the Fe-0.10C
alloy results in a smaller liquid/δ-ferrite interfacial area through which the carbon atoms have to
diffuse. Both effects are effectively reducing the amount of carbon that can diffuse back into the
δ-ferrite, which in turn leads to the decrease in interface velocity.
Figure 5.35: Initial phase concentrations and temperature (a) and the interface migration distance over
time (b) for two different alloy compositions solidified with an applied cooling rate of 10
K/min. Both curves are plotted until the peritectic transition occurred.
In Fig. 5.36 the morphology of the peritectic transformation is shown half a second after the ini-
tiation of the peritectic reaction for both alloys. In the case of the Fe-0.10C alloy (Fig. 5.36a) the
transformation of δ-ferrite into γ-austenite occurred abruptly within a fraction of a second, indicat-
ing a massive mechanism of the peritectic transformation. In the Fe-0.18C alloy a dendritic/finger-
like morphology could be observed (Fig. 5.36b), similar to the previous experiments. The peritectic
temperatures have been measured as 1734 K for the Fe-0.10C alloy and 1764 K for the Fe-0.18C
alloy.
Fig. 5.37 shows the pertaining calculated concentration gradients of carbon in δ-ferrite that
emerge during the solidification of these alloys at the equilibrium peritectic temperature (Fig. 5.37a)
and the experimentally measured peritectic temperature (Fig. 5.37b). In the case of the Fe-0.10C
alloy, the higher fraction of solid (and the resulting smaller interfacial area due to the concentric
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Figure 5.36: Peritectic transformation half a second after the peritectic reaction in a Fe-0.10C (a) and
Fe-0.18C (b) alloy solidified from the same initial temperature with an applied cooling rate of
10 K/min.
geometry of the experiment) leads to the formation of a steeper concentration gradient of carbon in
the δ-ferrite compared to the Fe-0.18C alloy. While the carbon content of δ-ferrite at the liquid/δ-
ferrite interface is constantly increasing (local equilibrium), the edge of the sample remains at almost
the initial concentration due to the long diffusion distance and the lower diffusivity of carbon in
δ-ferrite. In the Fe-0.18C alloy, the smaller fraction of solid enabled more carbon atoms to diffuse
back to the edge of the specimen, reducing the compositional gap between the liquid/δ-ferrite
interface and the edge of the specimen.
Figure 5.37: Concentration gradients of carbon in δ-ferrite for the Fe-0.10C and Fe-0.18C alloys at the
equilibrium peritectic temperature (a) and at the experimentally measured peritectic tempera-
tures (b).
In the present investigation, the propagation velocity of the liquid/δ-ferrite interface was found
to depend on the slopes of the liquidus and solidus lines of the applicable phase diagram. A
decrease of the carbon content resulted in an increasing solidification rate of the liquid/δ-ferrite
interface. The closer the alloy composition is to the limiting concentration on the left hand side
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of the peritectic range (i.e. approx. 0.10 wt.-% C), the higher the measured interface propagation
velocities. Higher propagation velocities lead to the formation of steeper concentration gradients of
carbon in the δ-ferrite and an enrichment of solute in the liquid phase, which in turn leads to higher
undercoolings below the equilibrium peritectic temperature and an increased tendency towards a
massive transformation of δ-ferrite into γ-austenite.
Furthermore, the fraction of δ-ferrite that solidifies prior to the peritectic phase transition influ-
ences the kinetics of the peritectic reaction as well as transformation. A higher fraction of δ-ferrite
during primary solidification leads to the formation of steeper concentration gradients of carbon
in the δ-ferrite and an increased enrichment of solute in the liquid phase, which again leads to
higher undercoolings below the equilibrium peritectic temperature. A detailed discussion on the
relationship between concentration gradients and the observed undercooling will be given in the
discussion at the end of this chapter as well as in Chapter 6.
5.2.3 Influence of the Fraction of δ-ferrite
In the previous section, the influence of the solid fraction at the peritectic temperature was in-
vestigated by means of different alloy compositions. In order to further ensure that the observed
behavior was not due to the different amount of carbon in the alloys, the influence of the solidifi-
cation length of the liquid/δ-ferrite interface was studied in a Fe-0.18C alloy and will be described
in this section. Fig. 5.38a shows the initial conditions of the specimens, which were heated up to
different initial temperatures (i.e. different initial fraction of solid) and subsequently solidified with
an applied cooling rate of 2 K/min.
Figure 5.38: Schematic illustration of the initial phase compositions and temperatures for different ini-
tial melt pool sizes (a) and the experimentally measured propagation of the liquid/δ-ferrite
interfaces (b).
The low cooling rate was chosen in order to specifically investigate the effect of the solidification
length and to minimize the effect of the cooling rate. In Fig. 5.38b the propagation of the liquid/δ-
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ferrite interfaces over time is compared for the three different starting temperatures. A higher
initial temperature results in a higher liquid/δ-ferrite interface velocity for the same alloy. This
can be explained by the different slopes of the liquidus and solidus lines in the phase diagram at
different temperatures, as previously discussed in Section 5.2.2.
Fig. 5.39 shows the observed morphology of the transformation interfaces one second after the
initiation of the peritectic reaction for three different initial temperatures in a Fe-0.18C alloy. The
pertaining parameters are listed in Tab. 5.4. The average position of the γ-austenite/δ-ferrite inter-
face is indicated as a dashed line in the micrographs. In all cases the γ-austenite/δ-ferrite interface
during the peritectic transformation showed an unstable finger-like (i.e. cellular) morphology and
was growing at a much higher rate than the liquid/γ-austenite interface.
Figure 5.39: Peritectic transformation one second after the peritectic reaction in a Fe-0.18C alloy solidified
with an applied cooling rate of 2 K/min from different initial temperatures.
A higher initial temperature, i.e. a longer migration distance of the liquid/δ-ferrite interface
prior to the peritectic transition, was observed to increase the kinetics of the peritectic reaction as
well as transformation. It is important to note that the observed differences in the kinetics of the
peritectic transition are the result of the different migration distances of the liquid/δ-ferrite and
not an effect of the cooling rate or alloy composition.
Fig. 5.39a Fig. 5.39b Fig. 5.39c
Initial Temperature [K] 1786 1773 1771
Peritectic Temperature [K] 1760 1765 1766
Solidification Length [µm] 1420 690 270
∆fS(δ) 0.33 0.11 0.02
Reaction Velocity [µm/s] 21000 5800 4300
Table 5.4: According parameters to Fig. 5.39.
In Fig. 5.40 the measured velocities of the peritectic reaction as well as the measured under-
coolings below the equilibrium peritectic temperature are plotted over the fraction of δ-ferrite that
was solidified prior to the peritectic transition, i.e. the distance from the initial melt pool radius
to the measured peritectic pool radius. A higher fraction of primary solidified δ-ferrite results in
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a higher undercooling below the equilibrium peritectic temperature and to a higher rate of the
peritectic reaction. Furthermore, a higher cooling rate increases this effect due to the formation of
even steeper concentration gradients in the δ-ferrite and enrichment of the liquid phase.
Figure 5.40: Reaction velocity (a) and undercooling (b) as a function of the fraction of solid (δ-ferrite)
solidified prior to the peritectic phase transition in a Fe-0.18C alloy.
In order to further validate and quantify the degree of undercooling below the equilibrium peri-
tectic temperature, experiments have been performed where the temperature was held constant as
soon as the peritectic transition occurred. By doing so the phase fractions of liquid, γ-austenite
and δ-ferrite are adjusting to equilibrium conditions driven by the thermodynamic driving force
at the particular temperature. Fig. 5.41 shows the morphology of the transformation interfaces
in a Fe-0.18C alloy after isothermal holding at two different temperatures below the equilibrium
peritectic temperature. The initial liquid/δ-ferrite interface is indicated by a dashed line. For an
undercooling of 1 K (Fig. 5.41a) the transformation interfaces remained planar at all times and
reached their final position after 5 minutes isothermal holding at 1767 K. For an undercooling of
4 K (Fig. 5.41b) the transformation interface showed a dendritic/finger-like morphology into the
δ-ferrite. After an isothermal holding period of 10 minutes the finger-like pattern changed to a
planar morphology and terminated at a certain thickness of the γ-austenite phase.
By measuring the liquid pool radius and the thickness of the γ-austenite phase, the fraction of
γ-austenite can be calculated. Fig. 5.42 shows the equilibrium fraction of γ-austenite after isother-
mal holding at the experimentally measured peritectic temperature as a function of temperature
(Fig. 5.42a) and the rate of the peritectic reaction (Fig. 5.42b). The phase fractions were measured
after the transformation interfaces came to a standstill at a fixed position in the specimen (i.e.
equilibrium conditions). According to the principles of thermodynamics, no γ-austenite will be
thermodynamically stable at the equilibrium peritectic temperature. This is in excellent agreement
with the measurement in Fig. 5.42a. When the nucleation of γ-austenite occurred below this tem-
perature, a higher fraction of γ-austenite was measured to be thermodynamically stable at this
particular temperature. The increasing fraction of thermodynamically stable γ-austenite with a
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Figure 5.41: Peritectic transformation in a Fe-0.18C alloy after isothermal holding for a) 5 minutes at
1767 K and b) 10 minutes at 1764 K in two different experiments. Both alloys were solidified
using the same cooling rate of 10 K/min but with different initial liquid pool sizes.
decreasing temperature confirms the presence of a certain undercooling below the equilibrium peri-
tectic temperature. Also, a higher rate of the peritectic reaction can be correlated with a higher
fraction of γ-austenite that is thermodynamically stable at a particular temperature. For exam-
ple, when the nucleation of γ-austenite is constrained to a temperature of 1764 K, the equilibrium
fraction of γ-austenite at this temperature is equal to 0.15 (Fig. 5.42a), leading to an increasing
driving force for the formation of γ-austenite, which in turn causes the higher rate of the peritectic
reaction as well as transformation. The linearity of these measurements once again demonstrates
the great potential and the high reproducibility of the experimental technique used.
Figure 5.42: Fraction of γ-austenite after isothermal holding at the experimentally measured peritectic tem-
perature as a function of a) the temperature and b) the reaction velocity. The data points were
collected by solidifying several specimens of Fe-0.18C alloy with an applied cooling rate of 10
K/min from different initial liquid pool sizes.
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The observation that in different experiments the peritectic reaction occurred at different temper-
atures below the equilibrium peritectic temperature is very important and clearly points to the fact
that the occurrence of the peritectic reaction is constrained by nucleation events. This phenomenon
and the underpinning fundamentals will be discussed in detail in Chapter 6.
In summary it has been shown in this section that the peritectic temperature as well as the
kinetics of the peritectic reaction and transformation are strongly depended on the amount of
primary solidified δ-ferrite prior to the peritectic phase transition. A Fe-0.18C alloy was employed in
order to exclude effects specifically related to the carbon content and to increase the reproducibility
of the experiment. A detailed discussion on these findings will be given at the end of this chapter.
5.2.4 Influence of Further Alloying Elements
In this section, a systematic study of the influence of silicon and manganese on the peritectic
phase transition in iron-carbon alloys is presented. Even though some researchers investigated the
peritectic phase transition in low alloyed steel using DTA and quenching experiments, the individual
effects of these alloying elements on the peritectic phase transition are still unclear.
5.2.4.1 Effect of Silicon
In Fig. 5.43a the quasi binary iron-carbon phase diagram for an addition of 0.5 wt.-% Si is plotted
and compared to the equilibrium binary iron-carbon phase diagram. Due to the ferrite-stabilizing
effect of silicon, the two-phase region δ-ferrite and liquid expands by about 7 K for a carbon content
of 0.13 wt.-%. This effect is especially evident in Fig. 5.43b, where the fraction of solid is plotted
as a function of the temperature below the liquidus temperature of the alloy. All curves are plotted
until the equilibrium peritectic temperature is reached.
Figure 5.43: Effect of 0.5 wt.-% Si on a) the iron-carbon phase diagram and b) the pertaining fractions of
solid as a function of temperature [91].
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Fig. 5.44 shows the measured liquid/δ-ferrite interface progression prior to the peritectic tran-
sition for a Fe-0.12C and Fe-0.13C-0.5Si alloy. Both experiments were conducted using the same
initial fraction of solid and applied cooling rate of 10 K/min. As expected from Fig. 5.43b, the
addition of silicon reduced the velocity of the liquid/δ-ferrite interface, which was 8.0 µm/s in the
Fe-0.12C alloy and 4.3 µm/s in the Fe-0.13C-0.5Si alloy during primary solidification.
Figure 5.44: Progression of the liquid/δ-ferrite interface during solidification of a Fe-0.12C and Fe-0.13C-
0.5Si alloy with an applied cooling rate of 10 K/min. Both curves are plotted until the peritectic
phase transition occurred.
For a given cooling rate, a lower rate of the liquid/δ-ferrite interface enables more time for the
back diffusion of solute from the liquid into the δ-ferrite, which in turn results in a lower enrichment
of the liquid phase and concentration gradients in the δ-ferrite. The concentration gradients of car-
bon in δ-ferrite in the binary Fe-0.12C alloy were calculated as 50 m−1 at the equilibrium peritectic
temperature and 109 m−1 at the experimentally measured peritectic temperature, whereas in the
Fe-0.13C-0.5Si alloy they were calculated as 37 m−1 and 41 m−1, respectively (see Fig. 5.45). The
experimentally measured peritectic temperatures were 1713 K for the Fe-0.12C alloy and 1743 K for
the Fe-0.13C-0.5Si alloy. According to the phase diagram in Fig. 5.43a, the equilibrium peritectic
temperature in the Fe-0.13C-0.5Si alloy is lower than in the Fe-0.12C alloy. However, the temper-
ature at which the peritectic transition occurs under non-equilibrium conditions is higher in the
Fe-0.13C-0.5Si alloy than in the Fe-0.12C alloy (1743 K vs. 1713 K). This ostensible contradiction
is due to the ferrite stabilising effect of silicon, leading to a lower rate of primary solidification
of δ-ferrite (see Fig. 5.44) and in turn to less pronounced solute diffusion fields during nucleation
of γ-austenite. Even though the undercooling below the equilibrium peritectic temperature was
decreased from 55 K in the Fe-0.12C alloy to 25 K in the Fe-0.13C-0.5Si alloy, the undercooling
was large enough to enable a massive transformation in both alloys. However, the kinetics of
the peritectic transformation was progressing at a slightly lower rate in the Fe-0.13C-0.5Si alloy
(Fig. 5.46a) compared to the Fe-0.12C alloy (Fig. 5.46b). This might be an effect of the intrinsic
interface mobility, which is lowered by the addition of substitutional alloying elements.
Thesis Stefan Griesser 95
5 Experimental Investigations
Figure 5.45: Concentration gradients of carbon and silicon in δ-ferrite in a Fe-0.13C-0.5Si alloy at the equi-
librium peritectic temperature (a) and at the experimentally measured peritectic temperature
(b).
Figure 5.46: Peritectic transformation in a Fe-0.13C-0.5Si alloy (a) and a Fe-0.12C alloy (b).
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The addition of silicon to the binary iron-carbon system has been shown to effectively reduce the
resulting undercooling below the equilibrium peritectic temperature. The ferrite stabilizing effect of
silicon leads to a lower solidification rate of δ-ferrite prior to the peritectic phase transition, which
in turn reduces the enrichment of the liquid phase and the formation of concentration gradients in
the δ-ferrite during solidification. The constrained nucleation of γ-austenite due to the presence of
solute diffusion fields can therefore be significantly reduced by the addition of silicon to the Fe-C
system. A more comprehensive discussion of the observed behavior will be given at the end of this
Chapter as well as in Chapter 6.
5.2.4.2 Effect of Manganese
In Fig. 5.47a the quasi-binary iron-carbon phase diagram with an addition of 0.48 wt.-% Mn
is plotted and compared to the equilibrium binary iron-carbon phase diagram. In contrast to
the addition of silicon, the two-phase region liquid/δ-ferrite remains almost unchanged. This is
especially evident from Fig. 5.47b. Therefore, the progression of the liquid/δ-ferrite interface should
occur at almost the same rate for the Fe-0.10C-0.48Mn alloy than in the Fe-0.10C alloy.
Figure 5.47: Effect of 0.48 wt.-% Mn on a) the iron-carbon phase diagram and b) the pertaining fractions
of solid (δ-ferrite) as a function of temperature [91].
In Fig. 5.48 the experimentally measured position of the liquid/δ-ferrite interface is plotted over
time for the Fe-0.10C and Fe-0.10C-0.48Mn alloy. Both experiments were conducted using the same
initial fraction of solid and applied cooling rate of 10 K/min. During initial solidification, the solute
elements are partitioned into the liquid phase and are transported away from the liquid/δ-ferrite
interface, so that solidification occurs at a rate close to equilibrium. During further solidification
the liquid fraction decreases and is constantly enriching in solute elements, leading to a lower
progression of the liquid/δ-ferrite interface as it becomes controlled by the back-diffusion of the
solute into δ-ferrite. In the Fe-0.10C-0.48Mn alloy the liquid phase is enriched in carbon as well as
manganese, leading to a higher reduction of the solidification rate than in the Fe-0.10C alloy.
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Figure 5.48: Progression of the liquid/δ-ferrite interface during solidification of a Fe-0.10C and Fe-0.10C-
0.48Mn alloy with an applied cooling rate of 10 K/min. Both curves are plotted until the
peritectic phase transition occurred.
In Fig. 5.49 the corresponding calculated concentration gradients of carbon and manganese in
the δ-ferrite are plotted for the equilibrium (Fig. 5.49a) and the experimentally measured peritectic
temperature (Fig. 5.49b). Due to the high solid fraction at the peritectic temperature of this alloy
and the resulting low interfacial area of the liquid/δ-ferrite interface, back-diffusion of the solute
elements is limited due to the concentric geometry of the specimen. This, together with the lower
diffusivity of manganese (DδMn = 1.3·10−10 m2/s [46]), leads to the formation of steep concentration
gradients of carbon and manganese in the δ-ferrite. In comparison, the concentration gradients in
the Fe-0.10C alloy were calculated as 40 m−1 at the equilibrium peritectic temperature and 74 m−1
at the experimentally measured peritectic temperature.
Figure 5.49: Concentration gradients of carbon and manganese in δ-ferrite in a Fe-0.10C-0.48Mn alloy
at the equilibrium peritectic temperature (a) and at the experimentally measured peritectic
temperature (b).
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The experimentally observed peritectic transformation is shown in Fig. 5.50 for both alloys. In
both cases the transformation from δ-ferrite to γ-austenite occurred in a fraction of a second,
indicating a massive mechanism of the peritectic transformation.
Figure 5.50: Peritectic transformation in a Fe-0.10C-0.48Mn alloy (a) and a Fe-0.10C alloy (b).
The experimentally measured peritectic temperatures were 1738 K for the Fe-0.10C alloy and
1709 K for the Fe-0.10C-0.48Mn alloy. A more comprehensive analysis of the particular effect of
Manganese on the kinetics of the peritectic transition will be given in the discussion at the end of
this chapter.
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5.2.4.3 Multi-Component Low-Alloyed Steel
In order to investigate the behavior of the peritectic phase transition in a more complex alloying
system, an experiment has been conducted using a multi-component low-alloyed steel grade. The
chemical composition of this steel is listed in Tab. 5.1. Fig. 5.51a shows the corresponding calculated
phase diagram in comparison to the binary iron-carbon system [91]. Note that under equilibrium
conditions no peritectic phase transition will occur. However, as solidification occurs under non-
equilibrium conditions in the conducted experiment, the enrichment of the liquid phase leads to a
reduction of the solidus temperature of the system below the peritectic temperature and the phase
transition can occur.
Figure 5.51: Comparison of a) the phase diagrams for the LA-steel and the binary iron-carbon system and
b) the corresponding fractions of solid over temperature [91].
The experimentally measured progression of the liquid/δ-ferrite interface during primary solidi-
fication using an applied cooling rate of 10 K/min is shown in Fig. 5.52. It is interesting to note
that the velocity of the liquid/δ-ferrite interface for the LA-steel is equal to the solidification rate
of a binary Fe-0.05C alloy, even though the phase diagram predicts a lower interface velocity (see
Fig. 5.51b). This might be an indication for a slight inaccuracy of the calculated phase diagram.
During the later stages of solidification the limited back-diffusion of the additional alloying elements
(Mn, Si and V) leads to an enrichment of the liquid phase and a lower interface progression in the
LA-steel. In both alloys a massive peritectic transformation was observed.
Fig. 5.53 shows the massive peritectic transformation in the low-alloyed steel, where the δ-ferrite
transformed into γ-austenite in only a fraction of a second. The peritectic temperature was mea-
sured as 1747 K.
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Figure 5.52: Progression of the liquid/δ-ferrite interface during primary solidification of a Fe-0.05C alloy
and the LA-steel with an applied cooling rate of 10 K/min. Both curves are plotted until the
peritectic phase transition occurred.
Figure 5.53: Peritectic transformation in a low-alloyed steel at 1747 K.
Similar to the experimental investigations in the binary and tertiary systems, the chances of a
massive peritectic transformation are shown to be increased by the amount of segregated solute
elements and the resulting undercooling below the equilibrium peritectic temperature. A more
comprehensive discussion of the effect of additional alloying elements on the observed behavior of
the peritectic transition will be given at the end of this Chapter.
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5.2.5 Discussion
In this chapter, a variety of variables and parameters on the behavior of the peritectic phase
transition under non-equilibrium conditions have been examined using in-situ high-temperature
confocal microscopy. The investigations included experiments to specifically study the effect of
the cooling rate, carbon concentration, amount of primary solidified δ-ferrite as well as additional
alloying elements. In all of the experiments a shift away from equilibrium conditions (i.e. a higher
enrichment of solute in the liquid phase) resulted in higher undercooling below the equilibrium
peritectic temperature, which in turn led to increased kinetics of the peritectic reaction as well as
transformation. When the undercooling was larger than a critical value, massive transformation of
δ-ferrite to γ-austenite was observed.
Yasuda et al. [51] recently investigated the peritectic phase transition in the iron-carbon system
by means of time-resolved in-situ observations using synchrotron radiation X-rays. In agreement
with the experimental findings of the present study, they also found that for cooling rates as low
as 10 K/min, massive transformation of δ-ferrite to γ-austenite can occur due to the difficulty of
nucleating γ-austenite. They accounted for this observation by the relatively high interfacial energy
of the δ-ferrite/γ-austenite interface compared to the interfacial energies of the liquid/δ-ferrite and
liquid/γ-austenite interfaces, respectively. Hence, they suggested that the δ-ferrite phase was not
a preferred nucleation site for γ-austenite. However, in the present study, this conclusion could not
be verified as nucleation of γ-austenite occurred as soon as the temperature reached the equilibrium
peritectic temperature in the experiments performed close to equilibrium conditions.
In order to explain the observed behavior it is necessary to consider the change of free energy
of a nucleating phase in an open system. In an open system, material can move in and out
of a phase and therefore affect the free energy of the overall system. This flux of material can
be caused by the presence of concentration gradients in the δ-ferrite, which in turn leads to the
formation of more or less strong diffusion fields of solute across the liquid/δ-ferrite interface and
therefore through the γ-austenite nuclei. When the temperature of the liquid/δ-ferrite interface
drops below the equilibrium peritectic temperature, nucleation of γ-austenite will occur preferably
at a δ-ferrite grain boundary that is in contact with the liquid phase. However, this nucleation
process is constrained in the presence of diffusion fields due to the change in the Gibbs free energy
of the nuclei. In the iron-carbon system, the diffusivity of carbon in γ-austenite is low compared to
δ-ferrite. The presence of concentration gradients in the δ-ferrite causes a flux of solute through the
nuclei, where more material (i.e. carbon atoms) is moved out of the γ-austenite nuclei than material
is diffusing in. This process is effectively increasing the free energy of the γ-austenite nuclei, making
γ-austenite thermodynamically unstable even below the equilibrium peritectic temperature. This
constrained nucleation will occur until either the temperature reaches a value where γ-austenite
becomes thermodynamically stable, or the solute concentration gradients in δ-ferrite are lowered,
reducing the flux of solute through the nuclei. A comprehensive thermodynamic description on the
effect of diffusion fields on the nucleation of a new phase will be given in Chapter 6.
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The following discussion aims to describe the individual effects on the peritectic phase transition
pertinent to the relevant sections of this Chapter.
In Section 5.2.1 the influence of the cooling rate on the peritectic phase transition was investi-
gated using a Fe-0.18C alloy. Higher cooling rates result in steeper concentration gradients in the
δ-ferrite, causing stronger diffusion fields across the liquid/δ-ferrite interface and therefore lowering
the peritectic temperature by constraining the nucleation of γ-austenite.
In Section 5.2.2 the influence of carbon concentration on the peritectic phase transition has
been investigated. A lower carbon content results in a higher propagation rate as well as a longer
migration distance of the liquid/δ-ferrite interface prior to the peritectic phase transition occurring.
The cause for the different migration velocities is not due the amount of carbon atoms but to the
slope of the liquidus and solidus lines in the pertaining phase diagram. The highest undercoolings
below the equilibrium peritectic temperature were measured in the Fe-0.10C alloy due to the for-
mation of steep concentration gradients in the δ-ferrite. Many numerical models from the literature
use a simplified phase diagram, where the phase boundary lines in contrast to the present study
are assumed to be linear and hence, these effects are left unaccounted for.
As shown in Section 5.2.3 the peritectic temperature as well as the kinetics of the peritectic
reaction and transformation are strongly depended on the primary solidification of δ-ferrite prior to
the peritectic phase transition. Phelan et al. [98] were the first to report a relationship between the
rate of the peritectic reaction and the fraction of δ-ferrite using the same experimental equipment
as in the present study. However, they could not provide a theoretical explanation for their findings.
The higher the fraction of primary solidified δ-ferrite, i.e. the longer the migration distance of the
liquid/δ-ferrite interface, the more time is required for the back diffusion of solute elements into
the δ-ferrite. For a given cooling rate this leads to the formation of steeper concentration gradients
in the δ-ferrite and stronger diffusion fields across the liquid/δ-ferrite interface.
In Section 5.2.4 the influence of alloying elements in addition to carbon on the kinetics and
morphology of the peritectic transition has been investigated. Fredriksson et al. [19,45] were the
first to study the effect of alloying elements on the peritectic phase transition in alloy steels, as
it was thought that the slow diffusion of alloying elements during the peritectic reaction could
lower the rate and make it easier to study the kinetics. In particular, δ-ferrite stabilizing elements
were added, as they would further lower the rate of the peritectic transformation of δ-ferrite to
γ-austenite. However, the specific influences of the particular alloying elements are still unknown.
In the present study, the addition of 0.5 wt.-% silicon to a Fe-0.13C alloy was enough to effectively
reduce the undercooling below the equilibrium peritectic temperature compared to a binary Fe-
0.12C alloy from 55 K to 25 K. The ferrite stabilizing effect of silicon leads to the expansion of
the two-phase region liquid/δ-ferrite and hence to a slower migration rate of the liquid/δ-ferrite
interface during primary solidification of δ-ferrite (for a given cooling rate). The lower solidification
rate enables more time for back diffusion of solute elements from the liquid into the δ-ferrite and
therefore to lower solute concentration gradients in the δ-ferrite. At the equilibrium peritectic
temperature, the concentration gradient of carbon in δ-ferrite was calculated to be 50 m−1 in the
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binary Fe-0.12C ally, which was lowered to 37 m−1 by the addition of 0.5 wt.-% silicon. Even
though the concentration gradient of silicon of 138 m−1 is much steeper due to the lower diffusion
coefficient of silicon in δ-ferrite, the measured peritectic temperature could be increased by 30 K
from 1713 K in the Fe-0.12C alloy to 1743 K in the Fe-0.13C-0.5Si alloy. This observation can
be accounted for by the resulting fluxes of the solute elements across the liquid/δ-ferrite interface.
According to Fick’s law, the resulting flux of silicon is equal to 0.0048 µm/s (DδSi = 3.5·10−11
m2/s [46], dC/dx = 138 m−1), which is two orders of magnitude lower than the flux of carbon of
0.185 µm/s (DδC = 5·10−9 m2/s [46], dC/dx = 37 m−1). Also, the steepest concentration gradient
of silicon was calculated to be 230 m−1 at the measured peritectic temperature, which is not
significantly changing the resulting diffusion field across the liquid/δ-ferrite interface. Therefore,
the effect of silicon diffusion of the free energy of the γ-austenite nuclei is negligible compared to
carbon. In comparison, the resulting flux of carbon in the Fe-0.12C alloy is equal to 0.25 µm/s (DδC
= 5·10−9 m2/s [46], dC/dx = 50 m−1), which has therefore been identified as the root cause for the
higher undercooling below the equilibrium peritectic temperature in this alloy.
The addition of 0.48 wt.-% manganese to a Fe-0.10C alloy did not show any particular effect
on the initial liquid/δ-ferrite interface velocity, but led to a higher enrichment of the liquid phase
during primary solidification and therefore higher undercooling below the equilibrium peritectic
temperature. The high velocity of the liquid/δ-ferrite interface lead to the formation of steep
concentration gradients of carbon and manganese, which were calculated to be 45 m−1 and 150
m−1 at the equilibrium peritectic temperature, respectively. The resulting flux of carbon is equal
to 0.225 µm/s (DδC = 5·10−9 m2/s [46], dC/dx = 45 m−1) compared to the flux of manganese of
0.0027 µm/s (DδMn = 1.8·10−11 m2/s [46], dC/dx = 150 m−1). The steepest concentration gradient
of manganese in δ-ferrite was calculated to be 430 m−1, resulting in a flux of manganese of 0.0077
µm/s (DδMn = 1.8·10−11 m2/s [46], dC/dx = 430 m−1). Even though this flux is almost twice as
high than the flux of silicon, it is thought that this is also not a major contribution to the overall
diffusion field, indicating that the resulting undercooling is mainly arising from the strong flux of
carbon through the liquid/δ-ferrite interface.
The addition of other alloying elements, as in the low-alloyed steel, did not show any significant
differences to the prior investigated binary and ternary alloys, which is a further indication that
the diffusion of carbon is the most critical parameter during the nucleation of γ-austenite. This
has also been confirmed with experiments performed in the Fe-Ni system, where the concentration
gradients of nickel in δ-ferrite were much steeper compared to the carbon profiles in the iron-carbon
system. Even though the concentration gradients of Ni in δ-ferrite were several orders of magnitude
higher than in the Fe-C system, the resulting flux of nickel compared to carbon was less due to the
lower diffusivity of nickel and hence, the undercooling below the equilibrium peritectic temperature
was less than in the Fe-C system.
It should be emphasized once again that the calculated values for the concentration gradients
are rather an order of magnitude calculation than precise values, since the presence of δ-ferrite
grain boundaries are not taken into account in the calculations. The diffusivity of solute elements
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along these grain boundaries is increased by an unknown amount, which effectively changes the
magnitude of the emerging concentration gradients and resulting diffusional fluxes.
In the following sections the observed behavior of the peritectic reaction and transformation
under non-equilibrium conditions will specifically be discussed.
5.2.5.1 Peritectic Reaction
In similar vein to the observations made under conditions close to equilibrium, nucleation of γ-
austenite takes place at a δ-ferrite grain boundary in contact with the liquid phase, as shown
in Fig. 5.54 for a Fe-4.2Ni alloy. However, the nucleation of γ-austenite in these experiments
always occurred at a certain undercooling below the equilibrium peritectic temperature. These
undercoolings were found to be due to the formation of concentration gradients in the δ-ferrite
prior to the peritectic transition, which act as a nucleation constraint due to the resulting diffusional
fluxes through the γ-austenite nuclei and thereby increasing their free energy. A detailed discussion
on this phenomenon will be given in Chapter 6. In Fig. 5.54 nucleation of γ-austenite occurred at a
δ-ferrite grain boundary in contact with the liquid phase and grew predominantly into the δ-ferrite
due to the supersaturation of solute in these areas.
Figure 5.54: Nucleation and growth of γ-austenite at the liquid/δ-ferrite grain boundary interface in a
Fe-4.2Ni alloy solidified under non-equilibrium conditions.
Growth of the γ-austenite platelet along the liquid/δ-ferrite interface further away from the nu-
cleation site proceeded in similar morphology as in the experiments close to equilibrium conditions,
but with a much smaller tip radius and thickness of the advancing γ-austenite platelet. When the
undercooling was large enough to enable a massive transformation of δ-ferrite into γ-austenite, no
peritectic reaction could be observed.
In all experiments performed under non-equilibrium conditions that did not undergo a massive
transformation, the rate of the peritectic reaction was several orders of magnitude higher than
in the experiments close to equilibrium conditions. Fig. 5.55 shows the propagation rate of the
γ-austenite along the liquid/δ-ferrite interface (i.e. peritectic reaction) as a function of the under-
cooling below the equilibrium peritectic temperature for different Fe-C alloy compositions. The
measured values of other researchers [38] are also plotted for the sake of comparison. Higher un-
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dercooling below the equilibrium peritectic temperature results in a higher reaction velocity in all
of the investigated alloys. Also, a decreasing carbon content results in a higher reaction velocity
for the same undercooling. This dependency of the reaction velocity on the solute concentration
indicates a diffusion-controlled mechanism of the peritectic reaction. Furthermore, this concentra-
tion dependency may also be seen as an indication that the mechanism of the peritectic reaction
can actually be described as the solidification of γ-austenite, as the rate of solidification is also
increasing with a decreasing solute concentration. This is in good agreement with the observations
made under conditions close to equilibrium, as shown in Fig. 5.9.
Figure 5.55: Rate of the peritectic reaction as a function of undercooling below the equilibrium peritectic
temperature in different alloys.
However, the measured values for the rate of the peritectic reaction in the present study do not
agree with the values reported in the literature [38]. This is thought to be due to the different sample
geometries used for the investigations. The specimens used by Shibata et al. [38] were machined to
3 mm width, 11 mm length and 2 mm height, enabling three-dimensional diffusion. The cylindrical
specimens used in this study were machined to only 0.25 mm height, limiting the diffusion in the
thickness-dimension. This leads to the formation of steeper radial concentration gradients and
higher resulting diffusional fluxes of solute, which is effectively increasing the diffusivity of the
solute and therefore increasing the rate of the peritectic reaction. This size effect is especially
evident for higher cooling rates (i.e. higher undercoolings), but might be negligible for conditions
close to equilibrium. This geometry dependence is also an indication for a diffusion controlled
mechanism of the peritectic reaction. In Fig. 5.56 a comparison is made of the influence of two-
and three-dimensional diffusion on the solidification velocity of the liquid/δ-ferrite interface in a
Fe-0.18C alloy with a cooling rate of 5 K/min using DICTRA software. The prohibition of diffusion
in one direction leads to a higher diffusivity in the two remaining dimensions and hence, an increase
in the solidification velocity.
Fig. 5.57 shows a comparison between the experimentally determined reaction velocities in a
Fe-0.18C alloy as a function of undercooling and the result of the calculation using the Bosze and
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Figure 5.56: Comparison of the liquid/δ-ferrite interface velocity for two and three dimensional diffusion
using DICTRA.
Trivedi model [31]. The curvature of the calculated curve is thought to be the result of the constant
value for the tip radius, which has been shown to depend on the reaction velocity in the experiments
close to equilibrium conditions. The tip radius in the calculation was set to 0.2 µm, which was
approximated for higher reaction velocities from Fig. 5.6b. The diffusion coefficient of carbon in
the liquid phase was set to 2·10−6 m2/s in order to include the effects of fluid flow due to convection
in the experiment (see Section 4.3.5 and Section 5.1.3.3).
Figure 5.57: Experimentally determined reaction velocity as a function of undercooling for a Fe-0.18C alloy
and the calculated values using the Bosze-Trivedi model.
However, Bosze and Trivedi’s model [31] fails to explain the different reaction velocities observed
for different alloy compositions. This may be explained by the effect of solid diffusion, which is not
taken into account in Bosze and Trivedi’s model. Also, an increasing amount of carbon may reduce
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the solidification velocity of γ-austenite, which is another indication that the peritectic reaction
can be described as solidification of γ-austenite along the liquid/δ-ferrite interface.
In the present investigation, the rate of the peritectic reaction was found to depend on the thermal
conditions (e.g. cooling rate, undercooling) as well as the diffusivity of the solute elements in the
liquid and solid phases.
5.2.5.2 Peritectic Transformation
The kinetics of the peritectic transformation depends on the undercooling below the equilibrium
peritectic temperature and the concentration gradients in the parent phases prior to the peritec-
tic transition. In all of the experiments conducted in the iron-carbon system, the growth of the
γ-austenite/δ-ferrite interface towards the δ-ferrite occurred at a much higher rate compared to
the growth of the liquid/γ-austenite interface towards the liquid phase. In a recent study Phe-
lan et al. [58] investigated the effect of the cooling rate on the velocity of the transformation in-
terfaces using a multiphase, multicomponent phase field model in combination with HTLSCM. At
low cooling rates (10 K/min), the growth of the γ-austenite/δ-ferrite interface occurred at a higher
rate than the liquid/γ-austenite interface. However, when the cooling rate was increased to 100
K/min, an inverse behavior was observed where the propagation of the liquid/γ-austenite interface
occurred at a higher rate. The authors argued that the solute buildup in the liquid phase at the
liquid/γ-austenite interface during primary solidification of δ-ferrite leads to an increased flux of
solute across the interface during the peritectic transition and hence, an increased interface propa-
gation velocity towards the liquid phase. However, the role of concentration gradients in the solid
phase prior to the peritectic transition was not investigated.
In the present study, the influence of concentration gradients in the δ-ferrite has been addressed
in Sections 5.2.1 to 5.2.4. One of the main findings of the present study is that the formation of
concentration gradients in the δ-ferrite and the resulting diffusion field across the liquid/δ-ferrite
interface causes a barrier to the nucleation of γ-austenite by increasing its free energy. Once
nucleation of γ-austenite has occurred at a certain undercooling below the equilibrium peritectic
temperature, the thermodynamic driving forces for the transformation of δ-ferrite into γ-austenite
lead to increased kinetics of the peritectic reaction and transformation.
In Fig. 5.58a the average (Cδ) and interfacial (C
∗
δ ) compositions of δ-ferrite are plotted for three
different alloys that have been solidified with an applied cooling rate of 10 K/min until the peritectic
transition occurred. The corresponding schematic Gibbs free energy diagrams are also plotted for
each experiment at the measured peritectic temperature in Fig. 5.58b-d.
In the case of the Fe-0.43C alloy (Fig. 5.58b), the small migration distance of the liquid/δ-ferrite
interface during primary solidification of δ-ferrite lead to the formation of a very small concentration
gradient of carbon in δ-ferrite of 4 m−1. The resulting diffusion field of carbon atoms across the
liquid/δ-ferrite interface is low enough to enable the nucleation of γ-austenite at the equilibrium
peritectic temperature. The low thermodynamic driving forces at this temperature results in a
planar morphology of the transformation interfaces as shown in Fig. 5.59.
108 Thesis Stefan Griesser
5.2 Investigations Under Non-Equilibrium Conditions
Figure 5.58: Average concentrations of δ-ferrite as well as concentrations of the δ-ferrite at the liquid/δ-
ferrite interface at the measured peritectic temperature.
In case of the Fe-0.18C alloy (Fig. 5.58c), a concentration gradient of 34 m−1 was established dur-
ing primary solidification of δ-ferrite, resulting in an undercooling below the equilibrium peritectic
temperature of 4 K. As the temperature is decreasing below the equilibrium peritectic tempera-
ture, the concentration of δ-ferrite (C∗δ ) close to the liquid/δ-ferrite interface is locally exceeding
the equilibrium solubility limit of carbon in δ-ferrite (Ceδ ), resulting in a driving force ∆G
m for
the transformation into γ-austenite. An increasing undercooling below the equilibrium peritectic
temperature results in a higher driving force, which in turn increases the kinetics of the transforma-
tion interfaces. When the driving force exceeds a certain value, the γ-austenite/δ-ferrite interface
became morphologically unstable, leading to a dendritic/finger-like pattern as shown in Fig. 5.60.
In case of the Fe-0.10C alloy (Fig. 5.58d) the equilibrium fraction of solid at the peritectic
temperature is equal to 0.98, leading to the formation of a steep concentration gradient of carbon
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Figure 5.59: Planar peritectic transformation in a Fe-0.43C alloy at 1767 K.
Figure 5.60: Dendritic/finger-like peritectic transformation in a Fe-0.18C alloy at 1764 K.
in δ-ferrite during the primary solidification of δ-ferrite and a resulting undercooling of 22K. From
Fig. 5.58a it appears that when the nucleation of γ-austenite is constrained to a temperature of
about 10 K below the equilibrium peritectic temperature, the liquid/δ-ferrite interface crosses the
allotropic phase boundary (T0-line) between δ-ferrite and γ-austenite. According to the principles
of thermodynamics, massive transformation becomes possible when the free energy of the system
can be reduced by the transformation of one phase into another, i.e. when the temperature of
the liquid/δ-ferrite interface is below the T0-temperature of the corresponding composition. A
greater difference between the interface temperature and the corresponding T0-temperature results
in a higher the driving force ∆Gm for a massive transformation of δ-ferrite into γ-austenite. This
phenomenon was experimentally observed in all alloys which had undercoolings higher than 10
K, showing a sudden transformation from δ-ferrite into γ-austenite in only a fraction of a second.
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Similar observations have been made by other researchers [41,38,15,50]. Fig. 5.61 shows the observed
progress of a massive transformation of δ-ferrite to γ-austenite in a Fe-0.10C alloy.
Figure 5.61: Massive transformation of δ-ferrite to γ-austenite in a Fe-0.10C alloy at 1746 K.
It is interesting to note that the progress of this massive transformation seems to advance at
a higher speed close to the liquid/δ-ferrite interface. This can again be accounted for by the
presence of a concentration gradient of carbon in δ-ferrite. The carbon concentration in the δ-
ferrite at the liquid/δ-ferrite interface is equal to C∗δ , and decreases with increasing distance from
that interface. A lower carbon concentration (e.g. CIδ ) results in a lower undercooling below
the according T0-temperature and driving force for a massive transformation. This situation is
schematically illustrated in Fig. 5.62.
Figure 5.62: Schematic illustration of the undercooling below the T0-temperature as a function of the carbon
content in δ-ferrite (a) and the resulting driving force for a massive transformation (b).
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When the local carbon concentration and temperature of δ-ferrite are above the correspond-
ing T0-temperature (e.g. C
I
δ in Fig. 5.63), the massive transformation will change back into a
diffusion-controlled transformation of δ-ferrite to γ-austenite. This phenomenon has been observed
experimentally in several alloys.
Figure 5.63: Change of the transformation mode (massive to diffusion-controlled) as a function of the
concentration gradient of carbon in δ-ferrite.
Another mechanism that can be responsible for the occurrence of a massive transformation is
based on the absolute stability principle, as discussed in Chapter 3.4. However, a condition for
this mechanism to apply is that the transformation rate of the δ-ferrite/γ-austenite interface is
above the pertaining absolute stability limit (Eq. 3.18). The experimentally measured rate of this
transformation interface was in the range of 5000 µm/s in a Fe-0.10C alloy, which is well below the
calculated absolute stability limit of approximately 500000 µm/s. It is therefore argued that the
conditions for a massive transformation based on the absolute stability criterion are not fulfilled
and that the mechanism of the observed massive transformation can be described using classical
thermodynamic arguments with T0 as the relevant reference temperature.
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All truths are easy to understand once they are
discovered; the point is to discover them. a
Galileo Galilei
aQuoted in M. Giovagnoli, Angels in the workplace: sto-
ries and inspirations for creating a new world of work,
Jossey-Bass, San Francisco (1999).
The nucleation of the peritectic phase at the beginning of the peritectic phase transition has to be
treated with extra care since any nucleation constraints would result in an increased undercooling
below the equilibrium peritectic temperature during cooling and therefore increase the kinetics
and/or mechanism of this important phase transition. The nucleation of the peritectic phase is of
special importance in a variety of industrial processes, of which the continuous casting of steel is
arguably the most important since massive transformation of δ-ferrite to γ-austenite, resulting from
a constrained nucleation of γ-austenite, can lead to severe quality issues of the cast product due to
the accompanied volume contraction of the partly solidified shell. It will be shown in this Chapter
that in the presence of solute diffusion fields, which result from solute concentration gradients in the
parent phase(s), nucleation of the peritectic phase can be constrained because of an increase of the
free energy barrier for nucleation. Since in peritectic systems the difficulties of nucleating the second
solid phase can be paramount, additional attention will be given to the thermodynamic principles
and possible nucleation constraints that might impede nucleation. Models from the literature will
be discussed and a detailed thermodynamic analysis for the iron-carbon system will be presented.
The Chapter concludes with an experimental validation of the proposed model.
6.1 Models from the Literature
The experimental results of the present study (Chapter 5) indicate a strong dependency of the
nucleation behavior of γ-austenite on the presence of concentration gradients in δ-ferrite and the
resulting solute diffusion fields across the liquid/δ-ferrite interface. The general accepted classical
nucleation theory however does not take into account any diffusional fluxes through the nucleating
phase, and can therefore not explain the observed nucleation behavior.
In a relatively new theory, the influence of sharp concentration gradients on the nucleation
behavior of an intermediate phase between two parent phases has been investigated by means
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of thermodynamic analysis in the pioneering work of Gusak [1] and Desre and Yavari [5] in 1990.
The basic necessity however for this theory to apply is the existence of very sharp concentration
gradients (close to 108 m−1) in the parent phase(s) for a constrained nucleation of the intermediate
phase [2]. Therefore, this theory is mostly based on theoretical approaches and has found limited
experimental validation. The classical candidate for such a validation has been found in solid-state
amorphization reactions, which are typically investigated by means of diffusion couples.
One of the main contributions of the present study is to show that such nucleation constraints
are possible also during the peritectic phase transition and that the constrained nucleation of an
intermediate peritectic phase is not primarily depending on the magnitude of adjacent concentration
gradients in the parent phase(s) (as proposed in the literature), but rather on the strength of
the accompanied diffusion field in the direct vicinity of the nuclei. It is also suggested that the
constrained nucleation of the peritectic phase in the presence of solute diffusion fields is the root
cause for the increased kinetics of the subsequent δ-ferrite to γ-austenite phase transformation,
causing a variety of problems in conventional casting processes such as the continuous casting of
steel.
A brief explanation of the above mentioned nucleation theories pertinent to the topic of this
Chapter is given below.
6.1.1 Classical Nucleation Theory
The classical nucleation theory (CNT) traces back to the formulation of nucleation theory [99–103] and
distinguishes between two classes of nucleation events, known as homogeneous and heterogeneous
nucleation. In this theory it is assumed that the change in free energy, ∆Ghom, when a cluster of
atoms of the new phase formed could be described by two contributions, one from the energy gain
of creating a new volume, and the other from the energy required to the creation of a new surface.
Assuming that the cluster of atoms of the new phase is a sphere of radius r, the change in free
energy when the cluster forms can be written in terms of these two contributions:
∆Ghom = −
4
3
πr3∆GV + 4πr
2σ (6.1)
where ∆GV is the change in free energy per unit volume associated with the transformation,
and σ is the surface tension or specific surface free energy, which is assumed to be isotropic [104].
The magnitude of the volume term depends on the undercooling. When the overall change in free
energy ∆Ghom is negative, nucleation is favored. A natural prerequisite for the nucleation of a
new phase is to bring the system temporary into a thermodynamic unstable state, i.e. to generate
a thermodynamic driving force. This driving force arises from a supersaturation of a phase as a
result of undercooling. For a small cluster the addition of further atoms requires free energy, until
a critical radius r∗ is reached:
r∗ =
2σ
∆GV
(6.2)
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When the radius of the cluster exceeds this critical value, free energy is released rather than
consumed by the addition of new atoms to the cluster. In other words, at that point growth of the
cluster is no longer limited by nucleation, but perhaps by diffusion or reaction kinetics instead [105].
This situation is schematically illustrated in Fig. 6.1.
Figure 6.1: Free energy of a spherical cluster of atoms as a function of the cluster radius [27].
The clusters are formed by a local fluctuation in concentration, and it is reasonable to suppose
that many of the atoms that were in some volume around the precipitate came together to form
the nucleus. This would mean that the composition in the matrix around the nucleus is depleted
from solute. How much the matrix is depleted, and how this depletion will influence the growth of
the nucleus depends on the time taken to form a nucleus, compared to how rapidly the species can
move around to change the environment in the vicinity of the nucleus [104].
During the peritectic phase transition, nucleation of the peritectic phase occurs at a grain bound-
ary of the primary phase that is in contact with the liquid phase. This process is referred to as
heterogeneous nucleation. In most cases, heterogeneous nucleation occurs much more often than
homogeneous nucleation. During heterogeneous nucleation, the nuclei form at preferential sites
such as phase boundaries or insoluble impurities, which requires less energy than homogeneous
nucleation. At such preferential sites, the effective surface energy is lower, thus diminishing the
free energy barrier and facilitating nucleation. Heterogeneous nucleation is often observed at very
small undercoolings, since the nucleation on surfaces is promoted due to wetting. The shape of the
nucleus on the substrate depends on the balance of surface tension forces at the edge of the nu-
cleus. The free energy needed for heterogeneous nucleation is equal to the product of homogeneous
nucleation and some function of the contact angle:
∆Ghet = {−
4
3
πr3∆GV + 4πr
2σ} · f(Θ) (6.3)
where f(Θ) is a shape factor depending on the contact angle Θ. The critical radius is the same
as during homogeneous nucleation, however, the volume can be significantly less for heterogeneous
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nucleation due to the contact angle affecting the shape of the cluster, as it is schematically shown
in Fig. 6.2.
Figure 6.2: Difference in free energy barriers for homogeneous and heterogeneous nucleation [27]. Note that
r∗ is independent of the nucleation site.
In general, the total free energy of a critical cluster, ∆Gr∗ , includes strain energy, magnetic energy,
electrical energy, etc., in addition to the volume and surface free energy terms. If they are relevant,
these contributions should be added to obtain the total free energy of the critical cluster [104].
However, the analysis of nucleation by applying this nucleation theory is not applicable if the cluster
distribution is not at equilibrium. The CNT does not take into consideration the interaction of
particles in the vicinity of the nuclei, which leads to non-equilibrium thermodynamics. Even though
a wide range of modifications has been made over the past decades to improve the CNT, further
exploration is still going on to improve or develop a better model that can be applied to a wider
range of conditions. One theory that especially takes into consideration the effect of concentration
gradients in the vicinity of a cluster will be discussed in the following section.
6.1.2 Nucleation in a Concentration Gradient
In practical solidification processes as well as in most solid state reactions, nucleation of a new
phase from one or more parent phases occurs mostly under non-equilibrium conditions, and is
therefore governed by non-equilibrium thermodynamics. The process of formation of intermediate
phases in a diffusion field is accompanied by competition between stable and metastable phases.
In 1982, Gusak and Gurov [106] proposed a simple model of such a phase competition taking into
account the nucleation stage of each phase via the existence of critical nuclei. Contrary to classical
nucleation theory, the critical nuclei of intermediate phases during interdiffusion are formed in a
strongly inhomogeneous region - the interface between other phases. Therefore, from the very
beginning they have to allow the diffusion fluxes to pass through themselves. Evidently, fluxes
change abruptly when passing across each new-formed boundary of the newly formed nucleus, and
thus drive the boundary movement. This picture of interface movement due to flux steps is well
known for diffusion couples under the name of ’Stephan problem’ and refers to diffusive interactions
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between neighboring phases [2]. The basic idea behind the model of Gusak and Gurov [106] was that
the initial width of each phase is taken to be the critical nucleus size. The peculiarity of the
initial stage is just the possibility that the width of some phase nucleus (distance between left and
right boundaries) can decrease as well as increase. If it decreases, the nucleus becomes subcritical
and should disappear. Usually it happens if the neighboring phases have larger diffusivities and
comparative thicknesses. Then these neighbors will destroy and consume all of the newly forming
nuclei, rendering the new phase to be present only virtually - in the form of constantly forming (due
to phase fluctuations) and vanishing (due to diffusive suppression by the neighbors) embryos [2].
The first thermodynamic description of the nucleation process in a concentration gradient was
published independently by Gusak [1] and Desre and Yavari [5] in 1990. Both groups introduced a
new size dependent term, γ, to the total Gibbs free energy of a nucleus, which is proportional to
the fifth power of size and the square of the concentration gradient ∇c. According to their theory,
for a spherical nucleus with a radius r the Gibbs free energy needed for the nucleation of a new
phase can be written as:
∆G(r) = αr2 − βr3 + γ(∇c)2r5 (6.4)
where α incorporates the term for the change in free energy due the creation of a new surface and
β the term for the creation of a new volume. The parameter γ has positive values and is proportional
to the second-order derivative of the new phase Gibbs energy with respect to concentration [2]. The
gradient term was introduced first in the case of a spherical embryo [1] and in the case of a cubic
embryo [5]. Eq. 6.4 implies that for large concentration gradients nucleation of a new phase can
be thermodynamically suppressed, as it is schematically illustrated in Fig. 6.3. This approach had
been applied to the description of solid-state amorphizing reactions in Ni-Zr multilayers, explaining
why stable intermetallics appear in the diffusion zone only after the amorphous layer exceeds some
critical thickness [5].
Figure 6.3: Gibbs free energy ∆G of a spherical nucleus of radius r in a concentration gradient field ∇c:
a) nucleation is forbidden, b) a metastable nucleus can be formed, and c) nucleation is possible
(according to Ref. [2]).
In 1996, Hodaj and Desre [3] proposed another mechanism that can occur when the redistribution
of atoms proceeds during nucleation, but only inside the newly forming nucleus. Contrary to the
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mechanisms proposed by Gusak [1] and Desre and Yavari [5], in this case the concentration gradient
assists nucleation, i.e. the coefficient γ in Eq. 6.4 is negative. The authors also suggested that
such an analysis can be extended to metallic layers of different crystallographic structures yielding
incoherent interfaces through which interdiffusion may proceed.
It is quite possible to expect that nature will commonly use the mechanism with the lowest
nucleation barrier. In the general case, all these mechanism (and maybe some others) should
operate simultaneously. However, nucleation is ruled not only by thermodynamics but also by
kinetics. When an intermediate phase is formed in a diffusion zone, the nucleation barrier must
be calculated taking into account the redistribution of the components outside the new embryo.
At a fixed size and composition of a nucleus, the optimal distribution outside the nucleus will be
reached only after full homogenization. This however means that true minimization of the Gibbs
free energy for nucleation during diffusion is impossible. Therefore, the problem of nucleation in
an inhomogeneous system should be solved under certain constraints, which are determined by
the kinetics of the diffusion process. Depending on the type of constraint, Gusak [2] distinguishes
between different nucleation modes, but pertinent to the topic of the present work, only the two
modes relevant to the peritectic phase transition will be described in the following sections.
6.1.2.1 Polymorphous Mode of Nucleation [1–4]
Gusak [1] suggested a mode that can be realized if the parent metastable phase can exist in the
concentration range advantageous for a new intermediate phase. When the concentration profile
in the parent phase is overlapping the concentration range where the new intermediate phase has
a lower Gibbs potential, the polymorphic transformation in a limited region takes place, forming
the lattice of the new phase at a frozen-in concentration gradient. The new phase nucleates just
by reconstruction of atomic order, without immediately changing the concentration profile. This
situation is schematically illustrated in Fig. 6.4 for a diffusion couple of components A and B, where
the driving force is denoted as ∆g(c(x)). The less sharp the concentration gradient, the wider is
the region profitable for the new phase - the more probable is nucleation.
After nucleation the diffusion proceeds, and the newly born nucleus interacts with the parent
phase due to a step-like change of diffusion fluxes at its boundaries. Evidently, to make this mode
real, the rate of the lattice reconstruction must be much higher than the diffusion rate in the parent
phase. A detailed discussion of this mode taking into account the nucleus shape and stress effects
can be found in Ref. [2]. The basic results of the analysis for the polymorphic mode of nucleation
are as follows:
 nucleation of the intermediate phase is thermodynamically forbidden if the diffusion zone is
too narrow;
 in the case of possible nucleation, the shape of the nucleus is not spherical and differs essen-
tially from it;
 the nucleus grows mainly transversal to the direction of the concentration gradient;
 nucleation at grain boundaries contributes only quantitatively to the results;
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Figure 6.4: Nucleation at polymorphic mode and frozen-in concentration profile: a) dependence of the Gibbs
free energy per atom on the compositions of the old and new phases, and b) frozen-in profile in
the diffusion couple [2].
 taking into account the stresses, the critical concentration gradient is not altered but the
nucleation barrier is changed;
 considering a nucleus as an arbitrary figure of rotation with an axis along the concentration
gradient leads qualitatively to the same result.
With respect to the investigation of the present work, this mode corresponds to the massive
transformation presented in Fig. 5.57d, where the metastable δ-ferrite transforms into γ-austenite
by means of lattice reconstruction once a stable γ-austenite nucleus can be formed.
6.1.2.2 Transversal Mode of Nucleation [5,6,3]
This mode of nucleation was first suggested by Desre and Yavari [5] for a cubic nucleus without shape
optimization, which was later performed by Hodaj et al. [3] for the simplest case of parallelepiped-
shaped nuclei. This mode is possible both for conditions shown in Fig. 6.4 and Fig. 6.5. In the case
shown in Fig. 6.5, interdiffusion before the formation of an intermediate nucleus leads to ’meta-
quasi-equilibrium’ α−β with metastable concentration ranges (Cαγ , Cαβ) and (Cβα, Cβγ), unstable
to decomposition into α+ γ and γ + β.
According to Desre [6], during the nucleus formation in a concentration gradient (in x-directions),
each thin slice (x, x + dx) of this nucleus, perpendicular to the direction of the concentration
gradient, is considered as a result of decomposition in a corresponding thin infinite slice of the
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Figure 6.5: Stable and metastable equilibrium in a binary system with limited solubility on the base of
solid solutions. The composition within the intervals (Cαγ , Cαβ) and (Cβα, Cβγ) enables the
formation of γ-phase nuclei [2].
parent solution, leading to a redistribution of atoms among new and old phases. In this mode, the
redistribution proceeds within each slice, independent of others. To make the transversal mode
real, the diffusivity in the parent phase(s) should be much higher than in the new phase since the
transversal redistribution in a thin infinite slice should proceed faster than the nucleus growth.
A detailed discussion of this mode taking into account the nucleus shape can be found in Ref. [2],
leading to the same qualitative results as the polymorphic mode:
 the larger the volume and the concentration gradient, the flatter is the nuclei;
 nucleation is forbidden if the concentration gradient exceeds a certain critical value.
6.2 Proposed Model
In this section an extended theoretical description of the nucleation process in a diffusion field,
based on CNT, is proposed taking into account the solute diffusivity in the direct vicinity of the
nuclei. According to CNT, when the temperature of the liquid/δ-ferrite interface drops below the
equilibrium peritectic temperature, TEP , clusters of γ-austenite form at δ-ferrite grain boundaries
that are in contact with the liquid due to local fluctuations in concentration. During the initial
stages of precipitation, it is reasonable to suppose that many of the atoms that were in some volume
around the precipitate came together to form an embryo (i.e. unstable nucleus). This would mean
that the composition in the matrix is depleted of solute elements, and how this depletion will
influence the growth of the embryo depends on the time taken to form a stable nucleus, compared
120 Thesis Stefan Griesser
6.2 Proposed Model
to how rapidly the species can diffuse to change the environment in the vicinity of the embryo [104].
However, in the presence of solute concentration gradients in the parent phase(s), the clusters form
within a solute diffusion field, meaning that from the very beginning these clusters have to allow the
diffusion fluxes to pass through themselves together with a constant changing environment. In a
peritectic system, when an embryo of γ-austenite exists at a liquid/δ-ferrite interface, back-diffusion
of solute occurs from the liquid phase through the γ-austenite embryo into δ-ferrite (Fig. 6.6),
therefore constantly changing the free energy of the embryo as evident from Eq. 6.5.
dG = V · dP − S · dT +
∑
i
µi · dNi (6.5)
This is one form of the Gibbs fundamental equation (see Chapter 3) that holds for a thermo-
dynamic open system where the term containing the chemical potentials accounts for the change
of Gibbs free energy resulting from an influx or outflux of particles, i.e. the presence of a solute
diffusion field.
Figure 6.6: Schematic of the concentration distribution and the resulting solute fluxes at the boundaries of
a γ-austenite nucleus at the liquid/δ-ferrite interface. Note that this illustration only represents
fluxes in z-direction and does not show transverse fluxes during growth of γ-austenite.
In such an environment, the rate of attachment of atoms to the embryo might be different
from the rate of atom detachment from the same embryo, depending on the atomic mobility in
the adjacent phases. CNT however does not take into consideration the interaction of particles
around the embryo, which leads to non-equilibrium thermodynamics. It is therefore proposed,
that a thermodynamic description of the nucleation process of an intermediate peritectic phase
under non-equilibrium conditions essentially needs to take into consideration atomic mobility and
kinetics of the diffusion process as well. This is of special importance for high-temperature phase
transformations due to the higher atomic mobility at elevated temperatures, but might be negligible
for phase transformations at lower temperatures. A quantitative thermodynamic assessment of the
iron-carbon system at the peritectic temperature, as well as a simplified flux-based kinetic model
will be presented in the following sections, which should help the reader gaining a better insight into
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the thermodynamic driving forces as well as kinetic processes during nucleation of an intermediate
peritectic phase.
6.2.1 Thermodynamic Assessment of the Iron-Carbon System
In this section, an attempt has been made to quantitatively describe whether an intermediate,
critical γ-austenite nucleus can be stable or not in the presence of an adjacent concentration gra-
dient in δ-ferrite in the iron-carbon system. In a peritectic system, these concentration gradients
emerge from the primary solidification of δ-ferrite prior to the peritectic transition. In this ther-
modynamic approach, the driving force for the diffusion of atoms across the two interfaces of the
nucleus, δ-ferrite/γ-austenite and γ-austenite/liquid, is calculated based on the difference in chem-
ical potentials across the respective interfaces. The thermodynamic data was generated using the
Thermo-Calc Software TCFe6 Steels/Felloys database version 6 [91].
The concept behind this analysis can be summarized as follows. Consider an adiabatic phase
consisting of iron and carbon atoms at constant temperature and pressure, so that no material can
enter or leave the system (Fig. 6.7a). The presence of a concentration gradient C(x) of carbon
across this phase that differs from its equilibrium (average) concentration profile C is accompanied
by a chemical potential gradient across this phase, as previously discussed in Section 3.3. In order
for this phase to establish thermodynamic equilibrium, the chemical potential of carbon must be
equal in the whole phase, i.e. carbon will diffuse from areas with higher carbon content than C
to areas with a lower carbon content than C. The concentration of the right border of the phase
(x = L) will therefore be reduced from Cx=L to C, and be increased from Cx=0 to C at the left
border (x = 0).
Figure 6.7: Schematic of a concentration gradient in a) an adiabatic phase and b) two adjacent phases.
Consider now two adjacent phases (e.g. δ-ferrite and γ-austenite) with a concentration gradient
CI(x) in only one phase, as shown in Fig. 6.7b. The equilibrium compositions are denoted as
CI0 and C
II
0 for the phases I and II, respectively, and diffusion is allowed in and between all
phases. Similar to the situation shown in Fig. 6.7a, carbon will diffuse from x = x1 towards
x = 0, which in turn lowers the concentration of phase I at the interface with phase II (x = x1)
by a small amount. The concentration of carbon in phase I at this interface is therefore not in
equilibrium with the carbon concentration in phase II at the same interface, causing a difference
in the chemical potentials of carbon across this interface. Consequently, carbon atoms are being
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transported from phase II into phase I, leading to a small decrease in carbon concentration of
phase II at the interface, and accordingly a flux of carbon atoms from the bulk of phase II to
that interface. The same process occurs at the right border of phase II (at x = x2). In order
to establish equilibrium in both phases, carbon has to diffuse into phase II at the right border
(x = x2) from another phase (e.g. liquid). When carbon is ’sucked out’ faster from phase II than
it can enter the phase, the concentration dependent Gibbs free energy of phase II is increased and it
will become thermodynamically unstable, according to Eq. 3.7. In Eq. 3.7 the term containing the
chemical potentials describes the increase of Gibbs free energy resulting from an influx or outfluxes
of particles, as previously discussed in Chapter 3. The same process occurs for the diffusion of
iron atoms, where a difference in chemical potential of iron atoms across the interface is causing a
propagation of this interface, i.e. the phases are either growing or shrinking, respectively.
In order to establish which of the phases in a peritectic system is growing and which is shrinking,
the following approach is followed. Consider an intermediate, critical γ-austenite nucleus located
between the δ-ferrite and liquid phases. At the equilibrium peritectic temperature, all three phases
are in equilibrium, i.e. the chemical potential of iron and carbon atoms is the same in each phase,
as is indicated by the continuous common tangent in Fig. 6.8. When the concentration of carbon
atoms in δ-ferrite, xδC , is below its equilibrium value (e.g. due to a diffusional flux caused by a
concentration gradient), the resulting change in chemical potentials can be determined by drawing
a new tangent to the free energy curve of δ-ferrite at the new concentration in δ-ferrite (dashed
tangents). The difference in chemical potentials of iron and carbon atoms between the phases can
then easily be calculated by subtraction of the respective values.
Figure 6.8: Method of calculating the chemical potentials of carbon and iron of the phases involved in the
peritectic phase transition.
When applying this process to all possible concentrations of carbon for all the phases (δ-ferrite, γ-
austenite and liquid), the concentration depended difference in chemical potentials can be plotted as
a surface for each interface, as it is shown in Fig. 6.9 for the δ-ferrite/γ-austenite interface. In these
plots, a positive value for the difference of chemical potentials, µδi − µ
γ
i > 0, indicates the diffusion
of the respective atoms from δ-ferrite to γ-austenite, whereas a negative value, µδi − µ
γ
i < 0, leads
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to the diffusion of atoms from γ-austenite to δ-ferrite. Note that the scale of the driving force for
the diffusion of carbon atoms is several orders of magnitudes higher than the scale for the diffusion
of iron atoms for the same concentrations. This means that a small variation of the carbon content
in any of the phases leads to a much stronger diffusional flux of carbon atoms compared to iron
atoms. The intersection of the surfaces with the zero-plane yields the resulting equipotential lines,
i.e. the conditions where no driving force for diffusion of the respective atoms is present (dashed
lines).
Figure 6.9: Concentration depended difference of chemical potentials of a) iron and b) carbon atoms across
the δ-ferrite/γ-austenite interface at the equilibrium peritectic temperature. The intersection
with the zero-plane is indicated by a dashed line in each plot. Note the significantly higher scale
for carbon compared to iron atoms.
By assigning the positive and negative values of the respective driving forces to the respective
regions above and below the equipotential lines, a diffusion map can be drawn (Fig. 6.10a) indicating
the directions in which diffusion of the respective atoms will occur. The intersection of these
equipotential lines gives the concentration of carbon in δ-ferrite and γ-austenite where no diffusion
of any atoms will occur (i.e. thermodynamic equilibrium). This becomes clearer by the comparison
of these values to the applicable phase diagram presented in Fig. 6.14b. With the help of this
diffusion map, the following analysis can now be made (as described earlier in the concept behind
this model in the beginning of this section). For the sake of clarity, a magnification of the relevant
region is shown in Fig. 6.10b.
Let us first consider the conditions where δ-ferrite and γ-austenite are in equilibrium with each
other (point E), represented as full lines in the schematic concentration profile in the top-left of
Fig. 6.10b. Note that this schematic only applies in the direct vicinity of the interface. As discussed
previously, the presence of a concentration gradient in δ-ferrite leads to a slight decrease of the
interfacial concentration of carbon in δ-ferrite by ∆xδC from point E to the point A (exaggerated
illustration). The applicable Gibbs free energy diagram is schematically shown in Fig. 6.11a. As
this point lies below the equipotential line of carbon (i.e. µδC − µ
γ
C < 0), diffusion of carbon will
occur from γ-austenite to δ-ferrite, leading to a small compositional gap of carbon in γ-austenite
close to the interface, ∆xγC . For a constant concentration gradient in δ-ferrite, diffusion of carbon
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Figure 6.10: Diffusion map for the δ-ferrite/γ-austenite interface at the equilibrium peritectic temperature.
from γ-austenite to δ-ferrite will occur, i.e. the system tries to reach point B on the equipotential
line, where the driving force for carbon diffusion reaches zero again. This point however lies above
the equipotential line of iron atoms (i.e. µδFe − µ
γ
Fe < 0), meaning that diffusion of iron atoms will
occur from γ-austenite to δ-ferrite causing the propagation of the δ-ferrite/γ-austenite interface
towards γ-austenite. The Gibbs free energy diagram for this condition is schematically shown in
Fig. 6.11b. In this schematic approach point A lies below the equipotential line of iron, but as the
resulting diffusional flux of carbon is much higher than the flux of iron atoms (see the magnitude
of driving forces in Fig. 6.9), it is a valid assumption that in reality the system will always be in
the hatched region.
Figure 6.11: Schematic representation of the according Gibbs free energy diagrams to a) point A and b)
point B in Fig. 6.10b. Point E is given by the continuous common tangent in the diagrams.
The same analysis has been performed for the γ-austenite/liquid interface; the results are plot-
ted in Fig. 6.12 and Fig. 6.13. The diffusion of carbon from γ-austenite into δ-ferrite causes a
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concentration gradient in γ-austenite, which in turn leads to a difference of chemical potentials of
carbon across the γ-austenite/liquid interface and a flux of carbon from the liquid into γ-austenite,
as discussed earlier at the beginning of this section.
Figure 6.12: Concentration depended difference of chemical potentials of a) iron and b) carbon atoms across
the γ-austenite/liquid interface at the equilibrium peritectic temperature. The intersection with
the zero-plane is indicated by a dashed line in each plot. Note the significantly higher scale
for carbon compared to iron atoms.
Here, the hatched region in Fig. 6.12 indicates a flux of carbon and iron atoms from the liquid
to γ-austenite, i.e. the propagation of the γ-austenite/liquid interface towards the liquid phase.
When the propagation of the δ-ferrite/γ-austenite interface occurs at a higher rate than the γ-
austenite/liquid interface, the γ-austenite phase will shrink in size.
Figure 6.13: Diffusion map for the γ-austenite/liquid interface at the equilibrium peritectic temperature.
For a constant concentration gradient in δ-ferrite, carbon is constantly ’sucked out’ of the γ-
austenite, rendering it thermodynamically unstable at the particular temperature by increasing its
concentration depending Gibbs free energy. In order for the γ-austenite to remain stable, the rate
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at which carbon is ’sucked out’ of the phase by the δ-ferrite has to be equal to the rate of carbon
entering the phase from the neighbouring the liquid phase. This however depends on the magnitude
of the driving force across the respective interfaces.
In order to determine the resulting driving forces for the diffusion of atoms across these interfaces,
the following approach is followed. Consider an interface between the phases I and II, as shown
in the schematic concentration profile shown in the top-right of Fig. 6.13b. Again, note that this
schematic only applies in the direct vicinity of the interface. The presence of a concentration
gradient in phase I (dashed lines) leads to a decrease in solute concentration ∆xIC of phase I at
the interface, which in turn decreases the interfacial concentration of phase II from xII,EC to x
II
C
due to the resulting flux of solute from phase II to phase I. The difference in chemical potentials
of solute between these phases at the interface can be expressed as
∆µ
I/II
C = µ
I
C(x
I,E
C −∆x
I
C)− µIIC (6.6)
As a first approximation, and because the degree to which the interfacial concentration of phase
II is decreased by ∆xIC is unknown, the equilibrium concentration of phase II (x
II,E
C ) is used
instead, so that when this argument is applied to the interfaces in a peritectic system, Eq. 6.6
becomes
∆µ
δ/γ
C = µ
δ
C(x
δ,E
C −∆x
δ
C)− µ
γ
C(x
γ,E
C ) (6.7)
∆µ
γ/L
C = µ
γ
C(x
γ,E
C −∆x
γ
C)− µ
L
C(x
L,E
C ) (6.8)
The resulting difference in chemical potential of carbon at the two interfaces is plotted in
Fig. 6.14a as a function of the on the size of the compositional gap at the interfaces, ∆xiC , where i
denotes the δ-ferrite and γ-austenite phases, respectively.
When no concentration gradients are applied (i.e. ∆xδC = ∆x
γ
C = 0), the equilibrium concentra-
tion of δ-ferrite and γ-austenite are given by the intersection of the curves with the zero-plane (zero
driving force for diffusion). For the sake of simplicity, let’s first assume the same compositional gap
at both interfaces, i.e. ∆xδC = ∆x
γ
C . In the case of ∆x
δ
C = ∆x
γ
C > 0 (i.e. existing concentration
gradients), the resulting driving forces for the diffusion of carbon across the respective interfaces
can be determined by the intersection of the relevant curves at the new interfacial compositions,
xδC and x
γ
C , respectively. The negative value for the driving forces determines the direction of the
diffusional fluxes, i.e. the diffusion of atoms from liquid to γ-austenite and from γ-austenite to
δ-ferrite. Note that, when the same compositional gap is applied at both interfaces, the driving
force for the diffusion of carbon from γ-austenite to δ-ferrite, ∆µ
δ/γ
C (x
δ
C), is higher than the driving
force for the diffusion from the liquid to γ-austenite, ∆µ
γ/L
C (x
γ
C). In a practical system it can
be assumed that, due to the higher diffusivity of carbon in δ-ferrite compared to γ-austenite, the
resulting compositional gap of δ-ferrite at the δ-ferrite/γ-austenite interface is larger than that
of γ-austenite at the γ-austenite/liquid interface. This means, that, when a critical γ-austenite
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Figure 6.14: Evaluation of the driving force for carbon diffusion across the δ-ferrite/γ-austenite and γ-
austenite/liquid interfaces at the equilibrium peritectic temperature.
nucleus exists in the presence of a concentration gradient in the δ-ferrite at constant temperature
and pressure, more carbon is being ’sucked out’ of the γ-austenite by the δ-ferrite than carbon
is diffusing into γ-austenite from the liquid phase. Thus, under these conditions, the existence of
the γ-austenite phase becomes thermodynamically unstable even below the equilibrium peritectic
temperature due to an increase of its Gibbs free energy, as has been discussed previously. In order
for the γ-austenite to become thermodynamically stable again, the concentration gradient in the
δ-ferrite has to flatten out to reduce the flux of carbon from γ-austenite into δ-ferrite.
In a similar approach, Santofimia et al. [107,108] analyzed the interaction between interface migra-
tion and kinetics of carbon partitioning during annealing of martensite-austenite microstructures
in steel by means of computational modeling, incorporating the free-energy difference at the phase
boundary. Their simulations revealed that, similar to the results of the present work, the direction
of the migration of the phase boundary is strongly influenced by the diffusional flux of carbon
atoms across that interface. As it was already mentioned above, one also has to take into account
the diffusion of iron atoms across the respective interfaces, i.e. the propagation of these interfaces.
Therefore, a simplistic model for the kinetics of the respective interfaces will be presented in the
next section.
6.2.2 Simplified Flux-Based Kinetic Model
As a first approximation, a simple flux-based numerical model has been developed in order to
simulate whether an intermediate phase nucleus can be stable or not in the presence of an adjacent
concentration gradient. The assumptions made in this model include the local equilibrium condition
at the interfaces, no convective mixing in the melt, chemical potential gradients are replaced by
concentration gradients, and that only kinetic effects are considered. However, if treated carefully,
this model may be used as a nucleation criterion for the numerical modeling of the peritectic
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phase transition during solidification. A common simplification in existing numerical models that
include the peritectic phase transition is that when the temperature drops below the equilibrium
peritectic temperature, the peritectic reaction is normally treated by placing a zero-width new
phase between the liquid and δ-ferrite. This is usually justified by the fact that the peritectic
reaction was observed to separate the liquid and the δ-ferrite at a very high rate and only by a thin
layer of peritectic phase [57]. However, the increased kinetics at a certain undercooling below the
equilibrium peritectic temperature are therefore not included in such analyses. The present model
may also be used, if treated carefully, to estimate the resulting undercooling below the equilibrium
peritectic temperature and to predict whether a massive transformation becomes possible or not
by referencing to the corresponding T0-temperature.
Let us first consider a system as it is schematically shown in Fig. 6.15, where there is no diffusion
in the solid and the redistribution of solute in the liquid phase occurs by diffusion only (i.e. no
convection), according to Ref. [104]. For the one-dimensional case, there is a steady-state solution
to the time-dependent diffusion equation.
Figure 6.15: Schematic of an interface movement with a constant velocity v.
The one-dimensional time-dependent diffusion equation is:
D
∂2C
∂z2
=
∂C
∂t
(6.9)
The interface is assumed to be moving with a constant velocity v. A new variable x, which moves
with the interface, is defined as:
x = z − vt (6.10)
The partial derivatives with respect to z and t can be expressed in terms of x:
∂2C
∂z2
=
∂2C
∂x2
(6.11)
∂C
∂t
= −v∂C
∂x
(6.12)
so that the diffusion equation becomes an ordinary differential equation that describes the steady-
state diffusion at the interface:
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D
d2C
dx2
+ v
dC
dx
= 0 (6.13)
The amount of the rejected solute by the solid per unit time is given by the difference between
the composition of the liquid and the solid at the interface, (C∗L − C∗S), times the growth rate v.
At steady-state, the solute flux away from the interface must equal the rate at which solute is
partitioned from the solid into the liquid (Robin condition):
−DdC
dx
= (C∗L − C∗S) · v (6.14)
In 2001, Gusak et al. [109] have applied this simplistic approach to analyze the kinetics of nucle-
ation in a concentration gradient. With reference to their work, but with respect to the nucleation
of γ-austenite during the peritectic phase transition, the following model has been developed. Con-
sider a system as schematically shown in Fig. 6.6, where a γ-austenite nucleus exists between the
δ-ferrite and the liquid phase and diffusion is allowed in all phases. When the primary solidifica-
tion of δ-ferrite occurred under non-steady-state conditions (as it is the case for any real casting
process) concentration gradients will exist in the δ-ferrite and the liquid phase, respectively. The
corresponding gradients in chemical potential lead to diffusional fluxes Ji of solute in the liquid,
the δ-ferrite as well as through the γ-austenite nucleus from the liquid into the δ-ferrite. These
fluxes change abruptly at every interface boundary, whereby each sudden change of flux gener-
ates a movement of the corresponding interface with some velocity v according to the conservation
law. The corresponding rate equations need to be expressed separately for each interface, for the
δ-ferrite/γ-austenite interface:
Dγ
dCγ
dxγ
−Dδ
dCδ
dxδ
= (Cδ − Cγ/δ) · vδ/γ (6.15)
and for the γ-austenite/liquid interface:
Dγ
dCγ
dxγ
−DL
dCL
dxL
= (CL − Cγ/L) · vγ/L (6.16)
Evidently, the size of γ-austenite nucleus should change at the following rate:
d∆xγ
dt
= vγ/L − vδ/γ =
Dγ
dCγ
dxγ
−DL dCLdxL
CL − Cγ/L
+
Dγ
dCγ
dxγ
−Dδ dCδdxδ
Cγ/δ − Cδ
(6.17)
If the concentration gradient in the δ-ferrite is larger than in the liquid phase, (dCδ/dxδ) >
(dCL/dxL), or if the diffusivity of carbon in δ-ferrite is much larger than that in γ-austenite,
Dδ  Dγ , then
d∆xγ
dt
< 0 (6.18)
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This means that under these conditions, even an overcritical nucleus in the classical sense will
not be able to grow, but is instead consumed by the neighboring δ-ferrite phase. Fig. 6.16a shows
the solution of Eq. 6.17 for the iron-carbon system using the diffusion coefficients presented in
Tab. 5.2. The phase concentrations were calculated for the equilibrium peritectic temperature
using Thermo-Calc Software TCFe6 Steels/Felloys database version 6 [91]. In this plot, a positive
value of the growth rate means that the nucleus is able to grow, whereas negative values indicate
the vanishing of the nucleus. The intersection of this plane with the zero-plane yields the stability
limit where the nucleus is neither growing nor shrinking. By assigning the positive and negative
values of the growth velocities to the corresponding regions, it is possible to draw a stability map
(Fig. 6.16b) for a critical nucleus as a function of the concentration gradients in the δ-ferrite and
the liquid phase, respectively.
Figure 6.16: Solution of Eq. 6.17 at 1768 K (a) and the corresponding stability map for a critical nucleus
in a concentration gradient field (b).
From this plot it can be surmised, that for a given diffusivity (flux) in the liquid phase, a critical
concentration gradient in the δ-ferrite can be identified. For example, for concentration gradients
of -10 m−1 and 30 m−1 in the liquid and δ-ferrite, respectively (Point A in Fig. 6.16b), growth of
the nucleus is prohibited. In order for the nucleus to be stable, the concentration gradient in the
δ-ferrite has to decrease below the critical value given by the stability line (Point B in Fig. 6.16b).
An experimental validation of the proposed mechanisms will be presented in the following section.
6.2.3 Experimental Validation
All of the experimental investigations conducted in the present work reveal higher undercoolings
below the equilibrium peritectic temperature (i.e. nucleation undercoolings) for solidification con-
ditions favoring the formation of solute concentration gradients in δ-ferrite during primary solid-
ification. In order to show that the nucleus stability of an intermediate peritectic phase is not
primarily influenced by the magnitude of the adjacent solute concentration gradients, but rather
by the strength of the solute diffusion fluxes through the nuclei, experiments have been performed
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in the Fe-C as well as Fe-Ni system as major differences were expected due to the very different
diffusivity of the interstitial carbon compared to the substitutional nickel atoms. Specimen of Fe-
0.18C and Fe-4.2Ni alloys were concentrically solidified using the same cooling rate of 10 K/min and
same initial fraction of solid in both experiments. The results of this investigation are summarized
in Tab. 6.1. In the Fe-0.18C alloy, the concentration gradient of carbon in δ-ferrite at the moment
of γ-austenite nucleation was calculated as GδC ≈ 30m−1, which corresponded to an undercooling
of ∆TEP = 8 K. In the Fe-4.2Ni alloy, a much higher value of G
δ
Ni ≈ 350m−1 resulted in a much
lower undercooling of ∆TEP ≈ 1 K. The according fractions of primary solidified δ-ferrite (∆fS(δ))
were 0.07 for the Fe-0.18C alloy and 0.34 for the Fe-4.2Ni alloy, respectively. Even though the con-
centration gradient of nickel was approximately ten times higher compared to carbon, the higher
diffusivity of carbon lead to a much higher flux JδC = 0.15 µm/s (D
δ
C = 5·10−9 m2/s [46]) of carbon
atoms compared to the flux JδNi = 0.007 µm/s (D
δ
Ni = 2.1·10−11 m2/s [41]) of nickel atoms. The
much stronger flux of carbon atoms in δ-ferrite causes a strong flux of carbon atoms through the
γ-austenite nuclei at the liquid/δ-ferrite interface, hence increasing the Gibbs free energy barrier for
nucleation of γ-austenite. These results support the conclusion that the constrained nucleation of
γ-austenite does not primarily result from the values of ∆fS(δ) or G
δ
i , but rather from the resulting
diffusional solute fluxes Ji through the γ-austenite nuclei.
Fe-4.2Ni Fe-0.18C
∆fS(δ) 0.34 0.07
Gδ [m−1] 350 30
Dδ [m2/s] 2.1·10−11 [41] 5·10−9 [46]
Jδ [µm/s] 0.007 0.15
∆TEP [K] 1 8
Table 6.1: Influence of the solute diffusivity (Dδ) and the resulting strength of the solute diffusion flux (Jδ)
in δ-ferrite on the nucleation undercooling (∆TEP ) of γ-austenite.
In a different experiment, the time-dependency of the diffusion process in the vicinity of the
γ-austenite nuclei has been investigated for a further validation purpose. A Fe-0.10C alloy has
been solidified using an effective cooling rate of approx. 7 K/min to a temperature 11 K below the
equilibrium peritectic temperature TEP , where the specimen was then isothermally held for some
time. The progression of the liquid/δ-ferrite interface prior to the peritectic transition is shown
in Fig. 6.17a. It is important to note that the peritectic phase transition did not occur during
the cooling period. The emerging concentration gradient of carbon in δ-ferrite during primary
solidification of δ-ferrite was calculated as 45 m−1 at the equilibrium peritectic temperature, see
Fig. 6.18. The resulting strong flux of carbon atoms through the γ-austenite nuclei prevented the
formation of stable nuclei. At the beginning of the holding period at 1757 K, the concentration
gradient in the δ-ferrite was calculated as 47 m−1. During isothermal holding at this temperature,
back-diffusion of carbon from the liquid into the δ-ferrite (through the γ-austenite nuclei) lead to a
further adaption of the phase fractions and therefore continuing progression of the liquid/δ-ferrite
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Figure 6.17: Progression of the liquid/δ-ferrite interface during solidification of a Fe-0.10C alloy with an
effective cooling rate of 7 K/min and subsequent isothermal holding at 1757 K (a) and the
corresponding average carbon concentration in δ-ferrite (b). Note that both curves are plotted
until the peritectic phase transition occurred.
interface, see Fig. 6.17a. The average concentration of carbon in δ-ferrite was therefore constantly
increasing, as shown in Fig. 6.17b by the small plateau at 1757 K. After an isothermal holding time
of 345 s, the concentration gradient in the δ-ferrite flattened out to a value of approximately 13
m−1, which was eventually low enough to finally allow the formation of stable γ-austenite nuclei.
Figure 6.18: Concentration gradients of carbon in δ-ferrite at the equilibrium peritectic temperature and
the experimentally measured peritectic temperature.
Fig. 6.19 shows the stability map for the investigated system at 1757 K, according to the model
proposed in Section 6.2.2. Comparison of this map to the experimental values for the concentration
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gradient of carbon in δ-ferrite of 47 m−1 and 13 m−1, respectively, shows that a concentration
gradient of approximately -20 m−1 in the liquid phase would be necessary in order to allow the
formation of stable nuclei. This value corresponds to a flux of carbon atoms (away from the in-
terface into the liquid) of approximately 0.4 µm/s (DLC = 2·10−8 m2/s), a value that seems to
be reasonable for the experimental conditions. Previous investigations using similar experimental
arrangement conducted by Yin and Emi [39] confirm that, during temperature holding, the combina-
tion of Marangoni flow with convective flow in HTLSCM only leads to very slow overall flow in the
melt pool. For a more detailed discussion about the presence of fluid flow in the used experimental
setup see Section 4.3.5 and Section 5.1.3.3.
Figure 6.19: Stability map for a critical nucleus at 1757 K calculated using Eq. 6.17.
A direct comparison of the experimental results with this model is difficult due to the presence
of liquid flow in the experiment, a fact that is not taken into account in the model. Also, it is
virtually impossible to determine accurately the concentration gradients in the immediate vicinity of
the respective interfaces. Notwithstanding these difficulties, comparison of theory and experiment
provide results of the same order of magnitude, e.g. the concentration gradients in the parent
phases.
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You know that I write slowly. This is chiefly because I
am never satisfied until I have said as much as possible
in a few words, and writing briefly takes far more time
than writing at length. a Carl Friedrich Gauss
aQuoted in G.F. Simmons, Calculus Gems, McGraw Hill
Inc., New York (1992).
7.1 Summary
The presented thesis deals with the experimental investigation and theoretical description of the
influence of alloying elements on the kinetics and mechanism of the peritectic phase transition in
steel. In a comprehensive assessment of the relevant literature, different definitions were presented
and the suggested mechanisms were explained and benchmarked against available experimental
data.
Pertinent to the discussion of the presented work, a short introduction into the relevant funda-
mentals of thermodynamics was presented in order to provide important background information
since the interpretation of some of the key findings required a sound understanding of thermody-
namics on a fundamental level.
The experimental investigations presented in this thesis have been conducted in-situ using high-
temperature laser-scanning confocal microscopy (HTLSCM) in combination with the so called ’con-
centric solidification technique’. New insights into the description of this technique were obtained
and a new methodology for the determination of the liquid/solid interfacial temperature has been
presented and applied to the quantification of microsegregation during the experiments. The re-
producibility of the experimental investigations has been proven and the compositional stability of
the investigated alloys during the experiments has been examined and secured by monitoring the
atmosphere in the furnace chamber. Purposely developed image processing software has been used
to track the progression of the solidification interfaces and comparison to the results of the compu-
tational modeling using DICTRA software was shown to be in good agreement for the investigated
binary and ternary alloys.
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7.1.1 Conditions Close to Equilibrium
The experimental investigations were divided into two categories. The first set of experiments was
designed to study the governing mechanism of the peritectic reaction and transformation close to
equilibrium conditions. These experiments were conducted in the iron-carbon as well as in the iron-
nickel system in order to investigate the role of diffusion on the kinetics of the peritectic reaction,
since uncertainty in this regard became evident during the assessment of the relevant literature.
Based on these investigations, the following sequence of events is proposed for the peritectic phase
transition close to equilibrium conditions. When the temperature of the liquid/δ-ferrite interface
drops below the equilibrium peritectic temperature, the initiation of the peritectic reaction starts
with the nucleation of γ-austenite at a δ-ferrite grain boundary that is in contact with the liquid
phase. This nucleation process occurs at very small undercoolings below the equilibrium peritectic
temperature, just high enough to generate the necessary driving force for nucleation. Multiple
nucleation of γ-austenite at different δ-ferrite grain boundaries is also possible. After nucleation,
the γ-austenite phase grows laterally along the liquid/δ-ferrite interface at the same rate in both
directions from the nucleation site (for a uniform temperature distribution). The migration rate of
the γ-austenite plate along the liquid/δ-ferrite interface (i.e. rate of the peritectic reaction) depends
on the temperature and concentration field surrounding the triple point liquid/γ-austenite/δ-ferrite.
Higher cooling rates result in an increased reaction velocity, which in turn results in a decreasing
width and tip radius (far below 1 µm) of the advancing γ-austenite platelet. In the direct vicinity
of the triple point, growth of γ-austenite occurs via direct solidification of γ-austenite into the
liquid phase along the liquid/δ-ferrite interface. The rejection of carbon from γ-austenite into the
adjacent liquid and δ-ferrite phases leads to partial remelting of δ-ferrite at the triple point and, in
the absence of concentration gradients in the δ-ferrite, also along the γ-austenite/δ-ferrite boundary.
The smaller the reaction velocity, i.e. the closer the system is to equilibrium conditions, the larger
the volume of the partially remelted δ-ferrite. The experimental findings under conditions close to
equilibrium provide sufficient evidence to support the theory of a diffusion controlled mechanism of
the peritectic reaction. However, a complete analysis of the peritectic reaction essentially requires
a coupling between the concentration and temperature fields.
Once the liquid has been separated from the δ-ferrite by the growth of the intermediate γ-
austenite phase during the peritectic reaction, the subsequent growth of γ-austenite into the liquid
and δ-ferrite (i.e. peritectic transformation) starts immediately behind the triple point liquid/γ-
austenite/δ-ferrite. The growth rates of the liquid/γ-austenite and γ-austenite/δ-ferrite interfaces
are governed by solute diffusion through the γ-austenite phase as well as the solute diffusivity in
the liquid. When the solute diffusivity in γ-austenite is high (e.g. iron-carbon system), growth
of the γ-austenite/δ-ferrite interface occurs at a higher rate than the liquid/γ-austenite interface.
Conversely, when the solute diffusivity in γ-austenite is very low (e.g. iron-nickel system), growth
of the liquid/γ-austenite interface occurs at a higher rate than the γ-austenite/δ-ferrite interface.
Also, similar to the peritectic reaction, higher cooling rates result in increased kinetics of the
peritectic transformation.
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7.1.2 Non-Equilirbium Conditions
The second set of experiments was designed to study the behavior of the peritectic phase transition
under non-equilibrium conditions, such as it might occur in a conventional casting process. Here,
the following sequence of events is proposed. The primary solidification of δ-ferrite prior to the
peritectic phase transition leads to the formation of solute concentration gradients in the δ-ferrite
and an enrichment in the liquid phase due to partitioning and insufficient back-diffusion of solute
during solidification. The presence of these concentration gradients leads to a diffusional flux
(i.e. back-diffusion) of solute elements from the liquid across the liquid/δ-ferrite interface into
the δ-ferrite. When the temperature of the liquid/δ-ferrite interface drops below the equilibrium
peritectic temperature, clusters of γ-austenite form at δ-ferrite grain boundaries that are in contact
with the liquid due to local fluctuations in concentration (similar to conditions close to equilibrium).
However, here the clusters are formed in a diffusion field, meaning that from the very beginning
these clusters have to allow the diffusion fluxes to pass through themselves. When a cluster of
γ-austenite forms at a liquid/δ-ferrite interface, back diffusion of solute occurs from the liquid,
through the γ-austenite cluster, into the δ-ferrite. In the present investigation it was shown, that,
for the iron-carbon system, the thermodynamic driving force for the diffusion of carbon through the
γ-austenite/δ-ferrite interface is higher than the driving force for diffusion of carbon through the
liquid/γ-austenite interface. This means that in the presence of solute concentration gradients in
δ-ferrite, more carbon is being ’sucked out’ of the cluster into the δ-ferrite than carbon will diffuse
into the cluster from the liquid phase. This in turn leads to an increase of Gibbs free energy of the γ-
austenite phase due to the diverse influx and outflux of atoms through the cluster, raising the energy
barrier to form a thermodynamically stable nucleus. Therefore, when the diffusional flux of solute
through the nucleus exceeds a critical value, nucleation of γ-austenite is constrained even below the
equilibrium peritectic temperature. For a given solute diffusivity in the solid, one might also define
a critical concentration gradient of solute in the δ-ferrite as a criterion for constrained nucleation.
In order for the γ-austenite to become thermodynamically stable, either the concentration gradient
in δ-ferrite needs to decrease or the temperature has to be further decreased in order to increase the
overall driving force for nucleation. The degree of this resulting undercooling below the equilibrium
peritectic temperature is a function of the solute flux through the γ-austenite nucleus, which in
turn depends on the solute diffusivity in the solid and the magnitude of the solute concentration
gradient in δ-ferrite. In systems with high solute diffusivity in the solid (e.g. iron-carbon) a steep
concentration gradient leads to larger undercoolings below the equilibrium peritectic temperature,
whereas a flat gradient only causes very little undercoolings. On the other hand, when the solute
diffusivity in the solid is low (such as for substitutional elements), the resulting diffusional fluxes
through the nucleus is low even in the presence of steep concentration gradients, compared to the
flux of interstitial elements. In the present study it was shown that the addition of silicon and
manganese did not make any significant contributions to the constrained nucleation of γ-austenite.
Therefore, back-diffusion of carbon from the liquid into δ-ferrite (through γ-austenite) has been
identified as the root cause of the constrained nucleation of γ-austenite during the peritectic phase
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transition in steel. Depending on the degree of undercooling, different morphologies and mechanisms
of the peritectic phase transition have been discovered. When the actual peritectic temperature lies
between the equilibrium peritectic temperature and the applicable T0-temperature (T
E
P > TP > T0),
diffusion-controlled mechanisms for the peritectic reaction as well as transformation are proposed.
With respect to the peritectic reaction it was shown that the rate of the γ-austenite plate along the
liquid/δ-ferrite interface is linearly dependent on the undercooling below the equilibrium peritectic
temperature (as was already reported in the literature). An increased undercooling results in an
increased rate of the peritectic reaction, which in turn results in a very thin layer of γ-austenite
phase separating the liquid from the δ-ferrite. The concentration dependency of the rate of the
peritectic reaction indicates a diffusion controlled mechanism. Also, by using the experimentally
determined values for the tip radius of the γ-austenite platelet and a reasonable approximation for
the carbon diffusivity in the liquid phase (taking into account the convection and fluid flow), the
application of the Bosze and Trivedi model [31] to predict the rate of the peritectic reaction was
shown to be in good agreement with the experimentally determined rates.
With respect to the peritectic transformation, small undercoolings below the equilibrium peri-
tectic temperature result in a planar morphology of the transformation interfaces, as was shown in
the experiments close to equilibrium conditions. When the undercooling is increased, the growth
of γ-austenite into the δ-ferrite occurs at a much higher rate than the growth into the liquid phase.
Also, the morphology of the γ-austenite/δ-ferrite interfaces becomes unstable and grows with a den-
dritic/fingerlike morphology. When the actual peritectic temperature drops below the applicable
T0-temperature (TP < T0), massive transformation of δ-ferrite into γ-austenite becomes possible.
Here, a differentiation between the peritectic reaction and transformation is not possible anymore,
since the massive transformation of δ-ferrite to γ-austenite occurs at a much higher rate than the
solidification of γ-austenite along the liquid/δ-ferrite interface (i.e. peritectic reaction).
Figure 7.1: Experimentally measured undercoolings below the equilibrium peritectic temperature in the in-
vestigated alloys for an applied cooling rate of 10 K/min.
138 Thesis Stefan Griesser
7.2 Conclusions
In all of the experiments conducted in the present study, the highest kinetics of the phase transi-
tion as well as the largest undercoolings below the equilibrium peritectic temperature were measured
in alloys with a carbon content of 0.10 wt.-%, see Fig. 7.1, which is in good agreement with the
above described theory.
7.2 Conclusions
Finally, coming back to the initial driving force to undertake this present study, using the above
described mechanisms and based on the experimental investigations conducted in the present in-
vestigation, the following explanation for the difficulties in the casting behavior of steels with a
carbon content of about 0.10 wt.-% (see Fig. 1.1) is proposed. The peritectic phase transition
is strongly depended on the shape of the corresponding phase diagram. In the iron-carbon sys-
tem, the solidification rate of the liquid/δ-ferrite interface prior to the peritectic phase transition
is highest at a carbon concentration of 0.10 wt.-%. Therefore, the emerging concentration gra-
dients of carbon in δ-ferrite reach a maximum gradient at 0.10 wt.-%. Second, the fraction of
solid at which the peritectic phase transition occurs is at a maximum at a carbon concentration
of 0.10 wt.-%. Therefore, the liquid/δ-ferrite interface progresses over a long distance prior to the
peritectic phase transition, leading to the formation of steep concentration gradients of carbon in
δ-ferrite. The higher the carbon content, the lower is the resulting primary solidification distance
and the consequential concentration gradient of carbon in δ-ferrite. Also, in the case of hyper-
peritectic alloys, the remaining liquid after the δ-ferrite to γ-austenite transformation occurred is
able to compensate for the volume contraction during the phase transformation. Due to the shape
of the phase diagram, all of these solidification related phenomena lead to the formation of steep
concentration gradients of carbon in δ-ferrite with a maximum value at 0.10 wt.-% carbon. There-
fore, the resulting constrained nucleation of γ-austenite leads to the highest undercoolings below
the equilibrium peritectic temperature in steels with a carbon concentration of 0.1 wt.-% carbon.
This undercooling enables the possibility of a massive transformation of δ-ferrite into γ-austenite,
which is accompanied by a sudden volume contraction of the thin solidified shell. Therefore, in
order to decrease the kinetics of this phase transformation, different measures should be taken in
a continuous casting machine to avoid the presence of strong concentration gradients of carbon in
δ-ferrite prior to the peritectic phase transition. The following recommendations were derived only
from theoretical considerations and have not yet been tested in practical casting processes. Also,
some of these recommendations may already be applied by the industry, in which case only a short
explanation is given on the reason for the success of the particular measure.
The following operational measures for a continuous casting machine are proposed:
 Casting speed: By lowering the casting speed, solidification of the solid shell occurs at a lower
rate, leading to less pronounced concentration gradients in the δ-ferrite. Additionally, more
time is provided for back-diffusion of carbon from the enriched liquid into the δ-ferrite prior
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to the peritectic phase transition, leading to a lower diffusional flux of solute elements during
the nucleation of γ-austenite.
 Mould flux: The use of appropriate mould fluxes with a high break temperature and low
viscosity can decrease the initial heat transfer of the strand shell in the mould and therefore
lead to lower primary solidification rates, similar to the above given explanation.
 Mould oscillation: A higher mould oscillation brings more mould flux between strand shell and
the mould, and thus lowering the effective cooling rate similar to the above given explanation.
 Electromagnetic stirring: The use of electromagnetic stirrers in the mould increases the com-
positional homogeneity and diffusivity of the liquid, resulting in an increased back-diffusion
of carbon into the δ-ferrite prior to the peritectic phase transition and lower diffusional fluxes
during nucleation of γ-austenite.
However, these recommendations aim for decreased transformation kinetics only, and do not
necessarily increase the overall casting behavior of peritectic grade steels. Even if the root cause
of the difficult castability of peritectic steel grades may now have been discovered, the reduced
product quality of these steels cannot be pinned down by only one cause, but rather a combination
of several mechanisms that have already been discovered by other researchers.
7.3 Outlook
Conclusions that can be drawn from the performed experiments and the presented thermodynamic
description seem to provide promising perspectives for future work using HTLSCM in combination
with the concentric solidification technique to experimentally investigate solidification related phe-
nomena and phase transformations. In the following section, some additional questions and further
necessary considerations for a deeper fundamental understanding of the observed phenomena and
improvement of the experimental setup shall be sketched.
The proposed further work for a better understanding of the peritectic phase transition includes:
 The influence of alloying elements other than silicon and manganese on the constrained nu-
cleation of γ-austenite needs to be investigated. Even though carbon has been identified as
causing the strongest diffusional fluxes through the forming nuclei (embryos), the solute fluxes
of additional elements might further increase the constrained nucleation and the resulting un-
dercooling below the equilibrium peritectic temperature.
 Apart from the presented kinetic model for the nucleation of γ-austenite, an improved ther-
modynamic model would help to build a better criterion for the constrained nucleation and
could allow the formulation of a critical concentration gradient for particular solute elements.
 The newly presented experimentally determined values of, for example, the tip radius of the
γ-austenite platelet can be used for more realistic simulations of the peritectic reaction using
sophisticated phase-field modeling.
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 The influence of the number of δ-ferrite grain boundaries should be investigated, since these
regions could increase the back-diffusion of solute during primary solidification and reduce
the solute fluxes through the γ-austenite nuclei during nucleation.
 The relationship between a massive transformation of δ-ferrite to γ-austenite and the resulting
γ-austenite grain size should be investigated, since the γ-austenite grain size is an important
parameter for the product quality of continuously cast slabs.
With respect to the quantification of microsegregation during solidification the following future
work is proposed:
 A validation of the calculated concentration profiles of solute elements should be performed
using electron probe micro-analysis (EPMA) in order to further improve the capabilities of
the concentric solidification technique in this regard.
 In a further step, these analyses may then be used for a benchmarking of existing microseg-
regation models.
Finally, the following improvements of the experimental setup are proposed:
 In order to ensure a more constant effective cooling rate at the liquid/solid interface during
concentric solidification, the thermocouple should be located in the center of the specimen
holder coaxial with the focal beam rather than on the edge of the of the specimen holder.
Therefore, a much more constant temperature gap between the liquid melt pool and the
thermocouple would be ensured, independent from the fraction of solid. This is important,
since it is this temperature that is the feedback signal to the temperature controller of the
furnace.
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